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The term polymer, derived from ancient Greek πολύς (polus “many, much”) and 
μέρος (meros “part”), defines a class of materials which consist of several (hundreds 
to thousands) chemical repeating units. Most of the polymer materials used 
frequently in our daily life are synthesized form chemical substances, the so called 
monomers. The monomers originate from natural recourses mainly from fossil 
resources like crude oil. Common monomers are carbon compounds which obey 
chemical reactive functionalities for instance double bounds like styrene, ethylene, 
propylene or isoprene.  
There are numerous polymerization methods, with different weightings for 
industrial and scientific applications. The prevalent techniques applied for large scale 
processing are the free radical polymerization, polycondensation respectively 
addition polymerization for the production of polyester and polyamides respectively 
polyurethanes and the coordinative polymerization using organo metals as catalysts 
for the synthesis of polyethylene and polypropylene1. The focus of recent scientific 
efforts is based on the development and improvement of controlled polymerization 
techniques such as the Reversible Addition-Fragmentation chain Transfer (RAFT)2-4, 
nitroxide-mediated polymerization (NMP)5, 6, Atom Transfer Radical Polymerization 
(ATRP)7-9 or the anionic10-13 respectively cationic14, 15 polymerization. These so called 
“living” polymerization techniques facilitate the synthesis of well defined complex 
macromolecular architectures. Depending on the adopted monomer, polymerization 
method and experimental conditions a large variety of chemical and especially 
mechanical properties can be achieved. These macromolecular materials have been 
rapidly substituting or enhancing classical materials as steel, alumina, concrete or 
mineral glass.  
Due to the extraordinary range of polymer properties, they are suitable for a large 
variety of industrial applications such as packaging, construction or health care. 
Polymers possess low densities combined with excellent mechanical properties as 
well as large scale processing capabilities with a minor cost of production. These are 
only some of their key advantages of polymer materials. The ubiquitous roles in 
everyday life range from familiar synthetic plastics, degradable biopolymers to phase 




Fig. 1 it can be seen that since the early 1950 the worldwide production of polymers 
has increased from approximately 1.5 million tons to more than 240 million tons in 
2010 and this increase seems to be kept on16.  
 
 
Fig. 1 World production per year of polymers.©EuropePlastics 
 
To serve the increasing demand of polymer materials as well as to develop 
processes to produce advanced functional materials, it is from major importance to 
understand and control the mechanical properties of the polymer materials. During 
the modeling step the polymer melts are exposed to strong mechanical fields, 
affecting the melt flow behavior during processing17-19 which affect the quality of the 
final product. Furthermore, hierarchical structured materials such as block 
copolymers are able to macroscopically align under mechanical stimulus20, 21. A 
precise understanding of these processes enables the production of new functional 
materials with tailored properties. Therefore the necessity derives, to precisely 
characterize and quantify the mechanical properties of the polymer materials, utilizing 
rheological techniques.  
Rheology is the study of the flow of matter and is adapted to substances which 
have a complex molecular structure, as polymers22. The flow of polymer melts cannot 
be characterized by a single value of viscosity respectively elasticity. Moreover, the 
mechanical properties are a complex function depending on various factors such as 
temperature, mechanical deformation or the applied shear profile as well as 




Polymers obey both, viscous and elastic characteristics, therefore defined 
viscoelastic materials23. Systems which obey additional phase separation, such as 
block copolymers, show even more complex flow behavior, attributed to the 
numerous different morphologies and complex structures.  
Block copolymers consist of two or more different building blocks covalently bond 
to each other. Driven by thermodynamic effects, these systems may undergo phase 
separation into self assembled microstructures. These microstructures exhibit various 
morphologies depending on the chemical composition of the different blocks, 
temperature and the volume fraction of the blocks24-26. It has been proven by Koppi 
et. al.27, that block copolymer melts, containing randomly ordered anisotropic 
domains on a sub-micrometer scale, can be shear-induced aligned to an ordered 
structure with long range periodicity. This orientation process is of great scientific and 
industrial interest, as for almost all advanced applications involving block copolymers, 
such as ionic or photonic conductors or functional membranes, the hierarchically 
structured materials have to become macroscopic anisotropic28. 
In this thesis the flow behavior of complex fluids, with a particular focus on the 
non-linear regime, is investigated, utilizing sensitive and unique in-situ rheological 
combinations. For the mechanical analysis of complex fluids, several different 
techniques can be utilized23, 29. These cover a vast number of shear cell geometries 
and test setups from steady shear over transient to dynamic measurements.  
For the macroscopic orientation of symmetric block copolymers, large amplitude 
oscillatory shear (LAOS) showed to be the method of choice, giving access to 
different orientations of the unit normal of the lamellae with respect to the shear flow 
direction30. The shear-induced alignment process causes the mechanical response of 
the sample melt to become a function of time with respect to its non-linear behavior. 
In the non-linear regime, during the LAOS experiment, the obtained signals consist of 
higher harmonics of the applied mechanical excitation frequency ω1/2π. Analyzing the 
mechanical raw data in terms of the concept of Fourier-Transform-Rheology (FT-
Rheology)31, 32, the resulting mechanical response can be evaluated with respect to 
the phase and magnitude spectra which consists of odd higher harmonics of ω1/2π. 
Utilizing FT-Rheology, the degree of mechanical non-linearity during LAOS can be 
followed and quantified. In this thesis the time dependence of the intensity of the third 




magnitude spectra is used as a measure for the mechanical non-linear response, 
and is abbreviated throughout this thesis as I3/1. The FT-Rheology methodology is 
considered to be one of the most sensitive methods for quantifying mechanical non-
linearity31, 32. For a better understanding of the non-linear rheological behavior of 
complex fluids, the need of simultaneous acquisition of information on the 
microstructure and molecular dynamics in the sample arises.  
To obtain insights to the underlying macroscopic orientation processes and to 
correlate structural changes to the dynamic of the polymer chains and the non-linear 
mechanical response, unique and specially combined methods were applied. These 
methods were specially designed for thorough in-situ measurements of the 
mechanical parameters under precise rheological conditions. 
In-situ dielectric measurements carried out with a high sensitive Rheo-Dielectric 
setup33, 34, permitting the investigation of polymer chain dynamics as well as the 
conductive behavior of hybrid polymer nano-composites under large amplitude 
oscillatory shear. The effect of mechanical fields on phase separated soft matter 
such as block copolymer melts can be studied by a combination of a rheometer and 
small angle X-ray scattering techniques (SAXS). To in-situ monitor the alignment 
process a new and unique approach was realized by combining a modified 
Rheometer with a strong X-ray source as provided by a synchrotron. The resulting 
Rheo-SAXS35 combination located at the “Deutsches Elektronen Synchrotron” 
(DESY) in Hamburg, enables precise rheological measurements of polymer melts, 
using small sample volumes and simultaneous probing mechanical induced structural 





In this chapter the fundamentals of rheology are described, starting from basic 
principles of rheology and then discussed the response of viscoelastic fluid using 
simple linear models. In the latter part the response of the material in oscillatory 
shear flow is extensively discussed, here the linear response of the material is 
described using Maxwell model and to understand the non-linear viscoelasticity, 
recently developed FT-Rheology techniques, are introduced. Additionally, the reader 
is familiarized to the basic theory and applications of dielectric relaxation 
spectroscopy and also a short introduction to the theory of small angle X-Ray 
scattering is provided. 
 
2.1. Principles in Rheology 
From the invention of bronze over the manufacturing of steel to the mass 
production of synthetic plastics, the discovery and improvement of new materials with 
enhanced mechanical properties has been crucial for the promotion of human 
civilization. Frequently, these materials are manufactured from raw materials like 
copper (e.g. tin and bronze), iron oxide (e.g. steel) or fossil resources (e.g. polymers). 
The unique characteristics of these “synthetic” materials are their outstanding 
mechanical properties and the possibility to be accessible and producible in large 
quantities. Polymers meet these expectations, becoming one of the most important 
material classes in our modern life.  
To derive and follow processing parameters, determining application areas and 
also for quality assurance, the need of a precise characterization and quantification 
arises. By applying rheological techniques the mechanical behavior of the material, 
like stiffness, maximum load and shear-induced flow, is determined. Furthermore, the 
knowledge about the rheological properties of a material allows conclusions about 
structural processes and molecular dynamics, such as polymer chain motions22, 36.  
The basic principles in Rheology are derived from each measurements conducted 
by Newton (viscosity) and Hook (elasticity). Based upon these two approaches the 
knowledge of the rheological properties of substance allows a first classification into 




 Ideal solids show elastic strain dependence and they reversible release 
the stored energy after load removal. In a phenomenological model this 
behavior can be described by an ideal spring. 
  Ideal liquids (Newtonian fluids) dissipate the deformation energy as 
heat which is called an inelastic deformation. The inelastic deformation 
can be described as a dash pot filled with an ideal liquid. 
 Viscoelastic materials obey a superposition between elastic and viscous 
behavior showing time dependent stress behavior under constant 
deformation. With phenomenological models this behavior is described 
by combinations of ideal springs and dash pots which may be 
connected in series or parallel. 
A detailed discussion on the mathematical description of the viscous and elastic 
fractions and the resulting phenomenological models is provided in following. 
 
2.1.1. Viscosity and elasticity 
To derive the Newton approach a simple shear experiment is introduced (see Fig. 
2). A substance with the thickness d is placed between two equally sized parallel 
plates with a surface A, covering the whole sample plates. At the flexible upper plate 
a force F is applied which causes a movement of the upper plate with a velocity v.  
 
 
Fig. 2 Schematic sketch of a simple shear experiment. The upper plate is moved a force F with a velocity v while 
the lower plate is fixed. The distance between the two plates is d and the displacement is characterized by s.  
 
The obtained deformation is quantified by the shear strain γ which is the ration 
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The resulting shear stress ξ is defined as  
 
  F v d
A d dt
&
             
(2. 2) 
 
with ε [Pa*s] being the viscosity and &  [s-1] the applied shear rate. The viscosity ε is 
a measure for the resistivity of a fluid which is mechanically deformed. It is defined as 
the force which has to be applied, to deform a substance in between two parallel 
plates with a surface of 1 m² and a gap of 1 m with a velocity of 1 m/s37. For instance 
the viscosity of water at 20 °C is 1 mPa*s.  
Newton‟s approach is valid for various gasses liquids, and oils whose stress 
versus strain rate curves is linear and passes through the origin. In Fig. 3 the 
behavior of Newtonian and Non-Newtonian Fluids are represented.  
 
 
Fig. 3 Behavior of Newtonian and Non-Newtonian fluids under constant shear rate. 
 
Fluids which obey dilatant behavior exhibit shear hardening which means their 
viscosity increases as the shear rate is increased (e.g. starch in water, sand). On the 
other hand the viscosity of pseudoplastic fluids is decreased with increasing shear 













fluids behave like a ridged body below a critical shear stress ξc (yield stress) but flows 
as Newtonian fluid once the critical shear stress is exceeded (e.g. ketchup). 
To describe the elastic behavior of a material Hooke‟s law of elasticity can be 
used which is an approximation that states, that the elastic deformation of a material 
is direct proportional to the applied force. Considering a spring with the cross section 
area A and a length L38. By applying a force F the spring is extended by ∆L. From 
Hooke‟s law we obtain that the extension is linear proportional to the tensile stress ξx: 
 
    -Gx x                   (2. 3) 
 
with εx = ∆L/L and the shear module (Young‟s module) G [Pa]. The Hooke‟s law is 
only valid to certain loading conditions. In this region the materials are called linear-
elastic materials.  
In this section the basic expression for the viscous and elastic deformation were 
presented. In the following two simple phenomenological models are introduced 
which describe the viscoelastic properties based on a superposition of elastic (spring) 
and viscous (dash pot) contributions. 
 
2.1.2. Phenomenological models  
Elastic materials strain instantaneously when a pulling force is applied and return 
back to their original state as the load is removed. Viscous material also deform 
under load, dissipating the applied energy as heat into the environment which causes 
an irreversible deformation of the system. Viscoelastic materials show a complex flow 
behavior which can be described as a superposition of elastic and viscous 
contributions36.  
The buildup blocks of phenomenological models, to describe the experimental 
observed viscoelasticity are represented by a combination of elastic and viscous 
contributions as an ideal spring respectively a dash pot filled with an ideal liquid of 
viscosity ε. By connecting these two elements in series or parallel, several 
phenomenological models can be constructed which are used to adequately describe 
the measured mechanical response of a material39. From all combinations possible, 





The simplest parallel combinations of the spring and the dash pot, is the Kelvin 
Voigt model (see Fig. 4). This approach describes a solid like material with additional 




Fig. 4 The Kelvin-Voigt (parallel combination of a spring and a dash pot) element with mainly elastic response 
including some viscous properties. 
 
The stress and the strain in this model are derived as follows: 
 
total s D
total S D .
               (2. 4) 
 
Materials which obey more viscous rather than elastic contributions, like polymer 
melts, can be described by a serial connection of a spring and a dash pot, which is 
referred as the Maxwell model40 (see Fig. 5). As in this thesis the entire rheological 
studies were performed on polymer melts, a more detailed interpretation of the 
Maxwell model is given.  
 
F, ξtotal





Fig. 5 Time dependent stress of a) the spring, c) the dash pot and b) the Maxwell model if subjected to constant 
deformation.  
 
On the left side of Fig. 5 the serial combination of the spring and the dash pot are 
schematically represented, which build up the Maxwell model. By applying a constant 
deformation at a time t0 the two elements exhibit a time dependent stress response 
which is schematically represented on the right hand side of Fig. 5.  
For the ideal elastic spring the applied load causes a rapid increase in the stress 
response which is kept constant throughout the experiment, while the dash pot 
rapidly dissipates the stress by viscous flow, and irreversibly elongates. Viscoelastic 
material possesses both, elastic and viscous properties. First the spring suddenly 
deforms followed by a deformation of the dash pot with a constant time rate. The total 
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From this the shear rate for the overall Maxwell model, expressed by equation (2.2), 
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Equation (2.6) is the governing equation for the Maxwell model. The relaxation 
behavior of the system under constant strain can be derived by simply integrating 
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The expression (2.7) indicates that the time dependent stress response of a 
viscoelastic material, described by a Maxwell model approach, exhibits exponentially 
decaying time behavior.  
 
2.1.3. Oscillatory deformation 
The aim of this section is to recall fundamental principles of dynamic mechanical 
measurements in the linear regime, where the mechanical parameters under 
isothermal investigation only depend on the applied excitation frequencies. It has to 
be kept in mind that the response to a mechanical stimulus is influenced by 
intermolecular forces caused by chemical and physical interactions41. These 
interactions take place on different timescales due to microstructural motions 
(Brownian motion, diffusion), which result from thermal or mechanical induced 
energy. Thus the measured linear mechanical response to a small amplitude 
oscillatory shear (SAOS) field will depend on the temperature and the applied 
excitation frequency. 
If a sample is deformed sinusoidal with a constant frequency ω1, the resulting 
shear stress is going to oscillate with the same frequency, but is shifted by certain 
phase angle δ, with respect to the strain wave. The periodic strain can be expressed 
as followed: 
 
  0 1t   sin( t) .                (2. 8) 
 





   1 0 1cos( )& t                 (2. 9) 
 
For a pure elastic material the stress response is in phase relative to the applied 
strain signal (see Fig. 6a) while for pure viscous materials a phase shift of 90° is 
observed (see Fig. 6b). In viscoelastic materials the mechanical response 
contributes to both, elasticity and viscosity, resulting in phase shift, with a phase 
angle δ between 0° ≤ δ ≥ 90° (see Fig. 6c). 
 
 
Fig. 6 Stress response (doted lines) caused by sinusoidal deformation (solid lines) for, a) ideal solid, b) ideal liquid 
and c) a viscoelastic material. 
 
The time dependent stress in a viscoelastic material under small amplitude oscillatory 
shear (SAOS) can be expressed by: 
 
0 1t   sin( t ) .               (2. 10) 
 
By applying trigonometric addition theorems to equation (2.10) the shear stress 
can be separated into two contributions, representing an in-phase (first term in 
equation (2.11)) and an 90° outer phase part (last term in equation (2.11)), with 
respect to the excitation. 
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and the Euler-relation ( cos( ) sin( )ie i ), the storage modulus G‟(ω), can be 
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The real part represents the elastic properties and the imaginary part the viscous 




 defines the angle between the excitation and the measured 
response and is defined as the loss tangent: 
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Considering again the in section 2.1.2 introduced Maxwell model and the derived 
equation (2.6) for the shear rate ( 1 1d
dt G
& ), but this time under an oscillating 
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The relaxation time η of a Maxwell element is defined as 
G
. Equation (2.16) can 
be written as: 
 
  1 1' sin( ) '' cos( )G t G t .             (2. 17) 
 
It can be seen that the storage and loss modulus obey different frequency 
dependence of G‟ ~ ω² respectively G‟‟ ~ ω at low frequencies. This behavior can be 
used to describe the experimentally observed mechanical response of viscoelastic 
fluid under oscillatory shear. In Fig. 7 the frequency dependence of G‟(ω) and G‟‟(ω) 
(compare equation (2.16)) are represented, with the crossover point of G‟ and G‟‟ at 
ω1/2π = 1/ηM (ηM = 10 s).  
 
 
Fig. 7 Frequency dependence of the mechanical storage G’ and loss G’’ modulus for a Maxwell element with a 
relaxation time ηM = 10 s. 
 
It is important to notice that to describe the measured rheological data of a 
viscoelastic material, such as polymer melts, one Maxwell element is often 
insufficient. One way to account for this problem is the approximation of the 
frequency dependence of G‟ and G‟‟ by multiple coupled models with different 
relaxation times39. These modes are expressed by: 
 












































.             (2. 18) 
 
A schematic sketch of a multiple mode Maxwell model is represented in Fig. 8. In this 
model the deformation amplitude is equal to the deformation γ of each individual 








Fig. 8 Multiple mode Maxwell model, consisting of several Maxwell elements in parallel arrangement39. 
 
For more complex experimental data different models have been developed 
which are superposition of Maxwell and Kelvin-Voigt elements such as the Burger 
model consisting of a serial arrangement of a Kelvin-Voigt and a Maxwell39. 
 
2.1.4. Time Temperature Superposition (TTS)  
In the previous section the basic principles to describe the viscoelastic response 
observed in complex fluids were introduced. The mathematical derivations were 
performed for the mechanical linear regime. The mechanical linear regime is defined 
as the regime in which the rheological properties, G‟ and G‟‟ are independent on the 
applied deformation23. In this regime the mechanical stimulus is small enough that 
the equilibrium state of the investigated material is not influenced. Within this small 




strain (stress) experiments a substance is deformed by a small amplitude oscillatory 
shear (SAOS). In the following, the fundamental viscoelastic response under SAOS 
of linear homopolymer melts is discussed. Furthermore the Time Temperature 
Superposition principle42 is introduced which allows the construction of a master 
curve covering the whole mechanical accessible spectra of polymer melt dynamics. 
Above the glass transition temperature, amorphous, linear homopolymer melts 
obey similar linear viscoelastic response43. Usually the frequency range in which the 
polymer dynamics occur exceeds the experimentally accessible frequency range 
(about three to four decades). Time temperature superposition (TTS) has been used 
to obtain the whole spectra of polymer dynamics for several properties such as creep 
compliance and stress compliance against time or dynamic modulus against 
frequency44. To generate a master curve the following steps are required45: 
  A frequency sweep test is performed at isothermal conditions in the 
linear mechanical regime. The measured rheological properties for 
instance G‟, G‟‟ and tan(δ) are observed double logarithmic against 
frequency. 
 Similar frequency sweep tests are performed with the same material at 
different temperature levels and the dynamic modulus curves are 
obtained (see Fig. 9a). 
 A reference temperature (TR) is selected. 
 All curves obtained from the frequency sweep tests at different 
temperature levels are shifted along the log(frequency) scale to 
superpose a master curve. 
In Fig. 9 the shifting process is represented for an anionic synthesized linear 
polystyrene (PS) with a number average molecular weight of Mw = 76,000 g/mol 
(76k) and a polydispersity of PDI = 1.05. The reference temperature was chosen to 






Fig. 9 a) Obtained dynamic modulus and tanδ as a function of frequency for PS-76k in the linear regime, at 
various temperatures. b) Master curve of G’, G’’ and tanδ as a function of the reduced frequency ω*aT at TR = 
160 °C obtained from the data of (a) by TTS. 
 
To construct accurate master curves of a polymer melt the smoothness of the 
overlap where two individual curves meet is an important criteria. The principal of 
TTS can be applied to most linear polymer melts which do not possess a phase 
transition in the observed temperature range. If the TTS concept is valid the master 
curves provides the true behavior of the polymer dynamics over a wide frequency 
range (approximately six decades). The factor which is needed to shift the data along 
the log(frequency) scale is called the shift factor aT23. Williams, Landel and Ferry 
evaluated a semi-empirically the relationship between aT and temperature, the so 











  .             (2. 19) 
 
The constants C1 and C2 are universal constants with respect to the chosen 
reference temperature, for example for linear polystyrene C1 = 13.7 and C2 = 50 K, 
referenced to the glass transition23.  
The obtained master curve shown in Fig. 9b can be divided into three regimes, 
which correspond to specific dynamics in the polymer melt occurring on different time 
and length scales36. At low frequencies, which corresponds to high temperature 
behavior, the flow zone is observed. In this region the viscoelastic properties of the 
polymer melt is dominated by the viscous fraction, as G‟‟ has a higher value than G‟. 
Therefore the overall mechanical property can be described to be liquid like. As the 
frequency is increased (equivalent with a decreased temperature) G‟ and G‟‟ cross. 
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After this crossover point the overall mechanical property of the melt is dominated by 
the elastic fraction obeying a rubber like behavior. This regime is called the rubber 
plateau. With increasing frequency a second crossover point is obtained, beyond, G‟‟ 
again dominates the mechanical response of the melt. This region is referred as the 
transition zone. For lower temperatures respectively higher frequencies the polymer 
melt behaved like an elastic solid and G‟ dominates the mechanical response (not 
shown here). This regime is referred to the glass zone. 
In the following section a brief introduction to the reptation model22 is presented 
which enables to correlate molecular dynamics on different length and time scales to 
the observed rheological master curve.  
 
2.1.5. The reptation model 
Polymer chains are usually built up by numerous monomer units which are 
covalently bound to each other. Due to thermal mobility monomer units (segments) 
are able to perform rotational and translational motions. This enables the polymer 
backbone to pass through all possible conformations. The herein presented 
interpretations are derived for a linear homopolymer in solution and polymer melts22, 
36.  
Utilizing statistical methods a relation between the chain conformations can be 
derived. The simplest way to describe a linear homopolymer chain is the random coil. 
It represents a statistical distribution of shapes over a long period of time. A key 
factor to describe the shape and the chain dynamics is the averaged end-to-end 
distance <h> (see Fig. 10). The relation between the average end-to-end distance 
and the degree of polymerization inspired experiments and simulations, suggesting a 
universal scaling behavior42:  
 
  h ~ N                    (2. 20) 
 
with the Flory exponent σ, which reflects the degree of stretching of the polymer 
chain. In the dense state of concentrated polymer solutions and polymer melts, 
where the polymer chains are highly interacting, the exponent σ = 1/2 as derived from 




polymer chains are normally distributed)46. In diluted solutions σ is rather larger (0.59) 
and for a totally elongated polymer chain the exponent becomes 1, see ref.46. 
  
 
Fig. 10 Schematic representation of a polymer random coil. At the connection points the polymer segments are 
able to rotate around their axis. 
 
In concentrated polymer solutions and melts, polymer chains are in close contact 
and interpenetrate each other. Depending on the length and the flexibility of the 
polymer chains, neighboring chains interpenetrate, building up entanglements. To 
reach a critical length to form entanglements, the polymer chain has to have a 
molecular weight above the entanglement molecular weight Me, which is a 
characteristic value for a polymer compound, contributing to the flexibility of the 
polymer chain segments (e.g. Me(PS) = 13000 g/mol
40). These entanglements form 
temporary physical networks which constrain the motion of the polymer chain. This 
difficult many-body problem can be simplified with a single body problem in an 
effective field, which is a common method in theoretical physics. The single body is 
the polymer chain, whose viscoelastic properties is described by the Rouse model22, 
embedded in the effective field which is approached as a tube like region wherein the 
neighboring polymer chains constrain the motion along the contour of the single 
chain22.  
The concept of a tube was first discussed by Doi and Edwards47 while its 
influences to the dynamics were first explored by DeGennes48. The polymer chain is 





single chain contour L (see Fig. 11). The tube radius is of the order of length of the 
end-to-end distance of a polymer chain with a molecular weight in the order of the 
entanglement molecular weight Me22. Therefore polymer chains with molecular 
weights above the entanglement molecular weight are strongly affected by the 
constraining tube. The temporary tube constrains the motion of the chain 
perpendicular to the tube while curvilinear of the chain motion and diffusion of center 
of mass is permitted.  
 
 
Fig. 11 Single polymer chain in a tube built up by the surrounding polymer chains. The tube is defined by the 
average diameter d and the contour length of the single polymer chain L. 
 
For this simplified model the diffusion can be described by a one-dimensional 
diffusion constant Dc. As the chain moves along the tube, parts of the reptating chain 
have left the tube, leading into a new constraining effective field. Therefore, new 
conformations diffuse from the ends of the polymer chain inwards. The probability 
P(s, t) to find a chain segment at a given time t at a position s can be derived by 







                 (2. 21) 
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Herein δ denotes the delta distribution (δ = 1 for the first chain segment) and Dc the 
diffusion constant which fulfils Einstein‟s49 law for the relation between friction 






                   
(2. 23) 
 
with N being the number of monomer units in the polymer chain. 
The solution of the differential equation (2.21) is: 
 





             
(2. 24) 
 
For a one dimensional system the mean square displacement of s at time t is given 
by 
 
  ² ² ( , ) 2 cs s P s t ds D t
              
(2. 25) 
 
The longest time, a polymer chain needs to completely diffuse out of the original 
constraining tube at t = 0 (disentanglement time ηD), can be derived by setting <s²> = 





D                    
(2. 26) 
 
From the relation between the one-dimensional diffusion coefficient and the polymer 






  3D  ~  M                    (2. 27) 
 
Experimental studies revealed that the exponent slightly varies from the expected 
value of 3, being 3.4, see ref.22. The deviance from the theory to the observed values 
can be explained by the simplifications which have been made to derive the model. 
For instance the approach is not concerning the movement of the neighboring chains 
that built up the tube. Furthermore, other relaxation processes than chain reptation, 
such as contour length fluctuations50-52, thermal constrain release53-55 and tube 
dilation56, 57 are neglected, but have to be considered for real systems. Nevertheless 
the tube model permits to reduce the observed mechanical response such as for 
linear homopolymer melts to the molecular dynamics of the polymer chains.  
For example the frequency dependent mechanical response (see Fig. 9) as 
discussed in section 2.1.4 for linear homopolymer melts, can be explained by 
polymer chain dynamics occurring on different time scales. At low frequencies 
(referred as the flow zone) the mechanical response is dominated by the viscous 
fraction, the investigated time scale is long enough that the polymer chain can fully 
relax from the constraining tube. With increasing frequencies the polymer chains 
have less time to diffuse out of the constraining original tube.  
The crossover between G‟ and G‟‟ (tanδ = 1) indicates the longest 
disentanglement time ηd of the polymer chains where the relation 1 / 2 1/ 1D  is 
fulfilled. At frequencies beyond the cross over point the polymer chain dynamics are 
too slow to relax the original constraining tube on the investigated time scale (
1 / 2 1/ D ) and the entanglements which build up the tube act as a cross linked 
networks. In this region the physical entanglements of the melt behave on a short 
time scale like a rubber and the elastic modulus G‟ is dominating the mechanical 
response.  
The occurrence and the extent of a rubber plateau depend only on the degree of 
polymerization and the specific entanglement molecular weight of the polymer. In 
Fig. 12 the master curves of the dynamic storage modulus G‟, obtained for linear 
polystyrene samples with a narrow polydispersity at a reference temperature TR = 






Fig. 12 Master curve obtained for linear polystyrene samples with different molecular weights at TR = 160 °C. It 
can be seen that with decreasing molecular weight the rubber plateau decreases in length while for the lowest 
molecular weight (Mw(Polymer) < Mc) no plateau regime is observed. 
 
It can be seen that the slope on the low frequency side is two for all PS samples 
which is predicted from the phenomenological models introduced in the section 2.1.2. 
In contrast, the rubber plateau which is indicated by the nearly constant frequency 
dependence of G‟, is enlarged as the molecular weight and hence the number of 
entanglements increases. For the lowest molecular weight sample PS-13k (Mw = 13 
000 g/mol) the polymer chains are too short to form an entangled networks. Hence 
the master curve of G‟ shows no distinct rubber plateau. 
For those samples which have molecular weights above a critical weight Mc which 
is approximately have as large as Me (Me ≈ 2Mc), the plateau value of G‟P in the 
rubber plateau region is approximately the same. From G‟P the entanglement 
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2.1.6. LAOS: Introduction to the non-linear regime 
In the 1960‟s to 1970‟s the basic concept of large amplitude oscillatory shear 
(LAOS) had been reported in literature29, 58-60. From the non-linear mechanical 
response four different classes of materials were characterized61. Strain thinning is 
the most commonly effect observed in concentrated polymer solutions and melts 
under LAOS, being related to shear thinning in steady shear flow36, 62. It originates 
from mechanical induced orientation of polymer chains, particles or microstructures. 
This alignment decomposes intermolecular constrains in the sample29.  
Directly in contrast to the strain thinning behavior is the observed strain 
hardening. This effect is contributed to interactions between segments of the 
complex fluid. For instance a polyvinal alcohol (PVA) Borax (sodium borate) solution 
exhibits strain hardening. This effect is expected to be contributed by shear-induced 
complexation between the hydroxyl group of the PVA and the borate anions which 
resists the undergoing shear deformation63.  
A further phenomenon, often observed for soft glassy materials such as 
emulsions64 and suspensions65, is strain overshoot. The effect may be regarded as a 
combination between formation and destruction of intermolecular networks. The 
strain overshoot can be subdivided into a weak and strong strain overshoot. The 
former only shows an overshoot in G‟‟(γ0) while the later exhibits an overshoot in both 
G‟(γ0)  and G‟‟(γ0)
29. A schematic representation for the above described phenomena 






Fig. 13 Different strain dependence of complex fluids under LAOS as outlined by Hyun et al.
61
; a) strain thinning, 
b) strain hardening, c) weak overshoot, d) strong overshoot. The dotted vertical lines separate between linear and 
non-linear mechanical response. 
 
From the strain dependence of the mechanical module, a classification into a 
linear regime and a regime in which the mechanical response obeys non-linear 
behavior can be derived. The linear regime is classically defined as the area in which 
the mechanical response of the sample is only a function of the applied shear 
frequency and do not depend on the strain amplitude. The non-linear regime begins 
as the mechanical module show strain dependence. The onset of the non-linear 
regime is roughly estimated by the dashed lines in Fig. 13. Typically critical strain 
amplitudes, above which linear homopolymer melts obey non-linear behavior, are in 
the range of γ0 >0.1
29.  
As discussed above, G‟(ω) and G‟‟(ω) are based inherently on the assumption that 
the stress response are purely sinusoidal. For LAOS experiments, however, the 
resulting stress is no longer a purely sinusoidal. In Fig. 14a pure sinusoidal, as 
obtained in the linear regime and a stress response during LAOS experiment are 
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Fig. 14 Stress data of a linear polystyrene (PS-100k) sample: a) ω/2π = 1 Hz, T = 160 °C and γ0 = 0.01 (linear 
response), b) ω1/2π = 1 Hz, T = 160 °C and γ0 = 5.8 (non-linear response) 
 
The distortion of the periodic stress response under LAOS conditions is a clear 
identification for the non-linear regime even for the time dependent stress signal. As 
large amplitude oscillatory shear experiments are not limited to shear frequency and 
strain amplitude as measurements in the linear regime are, they can be applied for 
various viscoelastic materials. Nevertheless, often the deviance from pure sinusoidal 
stress response is not clearly visible from the obtained raw data. Several methods 
have been developed to distinguish between linear and non-linear regime, as well as 
to characterize and quantify the nonlinear viscoelastic response, see reference and 
publications cited there29.  
A graphical method which allows to rapidly and qualitatively evaluating the 
experimental data are the so called Lissajous curves66. In this representation the 
stress (stress rates) is plotted versus the strain (rate of strain) (see Fig. 15). The 
variety of stress waveforms, which are obtained for complex fluids, gives rise to 
theoretical and experimental efforts to correlate these structures to changes in the 















































Fig. 15 Experimental obtained Lissajous curves (stress y axis) versus strain (x axis) of PS-100k for several 
measurement cycles (ω1/2π = 1 Hz, T = 160 °C) for a) γ0 = 0.3, b) γ0 = 2, c) γ0 = 4, d) γ0 = 5.8.  
 
In the case of linear viscoelastic behavior (not shown here) the Lissajous curves 
show ellipses. Deviances from this shape and symmetry (2 mirror axis, 1 point of 
inflection) indicate non-linear behavior. In the case of linear homopolymer melts the 
broadening of the ellipsoid indicates that polymer melt is dissipative at different 
frequencies36, as can be seen from the obtained waveforms for PS-100k.  
This visual method is helpful to distinguish between linear and non-linear 
viscoelastic response also providing an overview of nonlinear viscoelastic response, 
but is rather insufficient to quantify and directly follow non-linear mechanical flow. 
The in the following section presented Fourier-Transform Rheology (FT-Rheology) 
enables to analyze and quantify the non-linear viscoelastic response with a high 
sensitivity.  
 
2.2. Fourier Transform Rheology 
In the section 2.1.6 it has been mentioned that for large amplitude oscillatory 
shear experiments the resulting stress signal is no longer a pure sinusoidal, but a 
periodic function which is somehow distorted compared to the input signal. By 



























































































applying the concepts of Fourier Transformation67 to analyze the mechanical non-
linear response signal a phase spectra and magnitude spectra is obtained which 
consist of higher harmonics with respect to the excitation frequency ω131, 32. This 
method was already suggested in the early 1960‟s68, but due to technical problems 
(specifically soft- and hardware) and experimental limitation (e.g. torque and 
transducer resolution), this concept had not been established for non-linear 
mechanical data analysis.  
Principally the methodology for high sensitivity Fourier Transform rheology (FT-
Rheology) designed by Wilhelm et al.31, 32, established this concept of data analysis 
in the field of oscillatory non-linear rheology. Before a detailed discussion about the 
applications of FT-Rheology for mechanical characterization is provided, a brief 
introduction to the concepts of Fourier Transformation analysis is given. 
 
2.2.1. Basic aspects of the Fourier Transformation 
The Fourier Transformation is used to decompose a signal into its constituent 
frequencies. It is applied to continuous integrable functions which are decomposed 
into a series of orthogonal trigonometric functions. The Fourier Transformation 
transforms one complex-valued function of a real variable into another. For instance 
a real or complex time signal f(t) is transformed in to its frequency dependent 
spectrum F(ω). Furthermore, common variable transformations are impulse / space 
or densities of electrons are converted to the reciprocal space. 
To derive the basic mathematical concepts the Fourier Transformation of time 
signal, f(t), into the frequency dependent spectrum F(ω) are discussed67.  
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 depends on the applied convention which is chosen. Equation 
(2.29) and (2.30) show that the Fourier Transformation is inherently complex. Thus, 
even for a real time-domain data set, f(t), conversion into the frequency dependent 
function F(ω), results in a complex spectrum, with a real FR(ω) and an imaginary FI(ω) 
part. 
 
  ( ) ( ) ( ) ( )exp( ( ))r iF F iF A iP           (2. 31) 
 
Alternatively, the complex spectra can be analyzed with respect to the magnitude 
A(ω) and the phase P(ω). The magnitude and phase spectra are calculated as 
followed: 
 
  ( ) Re ² Im² ( )² ( )²r iA F F            (2. 32) 
and 
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The connection between the different components is visualized in Fig. 16. 
 
 














2.2.2. Principles of FT-Rheology on the stress signal 
The FT-Rheology is one of the most sensitive methods to analyze and quantify 
time dependent non-linear stress dependence69, 70. The obtained raw stress data δ(t) 
are converted into the frequency dependent complex spectrum ξ(ω), which can be 
examined with respect to the magnitude and phase. To significantly increase the 
sensitivity Wilhelm et al.31 developed the high sensitive FT-Rheology methodology, 
utilizing data processing techniques from NMR spectroscopy. The sensitivity, which 
had been one of the major problems in previous concepts of FT-Rheology, has been 
drastically increased (signal to noise ratio S/N ≈ 1:100,000 for a single scan), 
especially due to the use of oversampling with high performance Analog-to-Digital 
Converter (ADC) cards and a special FT algorithm. The herein presented general 
concept of FT-Rheology is mainly derived from the theory published by Wilhelm et 
al.31, 32. 
From the applied experimental conditions it is ensured, that the applied oscillating 
deformation occurs with a single frequency ω1. Therefore, the higher frequencies 
which built up the time dependent stress response signal have to be associated with 
the non-linear response of the sample. To derive a mathematical explanation for the 
appearance of higher harmonics, the following considerations for an oscillating shear 
deformation have been done.  
The force balance of a system with the weight m, the viscosity ε and the elastic 
modulus G, which is stimulated by an oscillating mechanical excitation, can be 
described by a linear differential equation of the following type: 
 
  0 exp( )m G A i t&& &               (2. 34) 
 
The left side corresponds to the kinematic, viscous and elastic fractions, which effect 
the system. The solution of the differential equation (2.34) in the linear regime with 
the assumption for a single viscosity and elasticity is given by the following harmonic 
function: 
 
  0 1( ) exp ( )t i t ,              (2. 35) 
 




As already mentioned above the non-linear regime is defined as the regime in 
which the viscosity ε is a function of the absolute shear rate even under periodic 
conditions. Therefore, ε is independent of the shear direction ( ( ) ( )& & ). The 
shear rate depended expression for ( )&  can be approximated via a Taylor 




0( ) ² ...a b               (2. 36) 
 
The herein made assumption can also be assigned to oscillatory shear 
experiments such as LAOS while the expansion coefficients ε0, a and b might be 
complex numbers. This can be interpreted as induced phase shifts with respect to 
the excitation frequency. For an oscillating mechanical stimulus it was shown above 
that the deformation is given by:  
 
0 1t   sin( t) .                (2. 8) 
and    
  1 0 1cos( )& t                 (2. 9) 
 
The time dependence of the shear rate 
.








cos(2 ) cos(4 ) cos(6 )2 4 ...
1 3 1 5 1 7
' 'cos(2 ) 'cos(4 ) ...
t t t
a b t t
      (2. 37) 
 
Equation (2.37) shows that higher harmonics only appear if the viscosity becomes a 
function of the shear rate. As the cosine function has a periodicity of π, equation 
(2.37) only consists of even higher harmonic. Extending Newton‟s equation with 
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With the aid of trigonometric addition theorems, followed by the multiplication of the 
term in the brackets with the term 1cos( )t , equation (2.38) can be rewritten as a sum 
of odd harmonics: 
 
  1 1 1cos( ) cos(3 ) cos(5 ) ...A t B t C t        (2. 39) 
 
with A, B, C, … being the complex coefficients.  
The derivation provided above, indicates that the Fourier Transformation of a time 
dependent stress response for a perfect sinusoidal excitation in the mechanical non-
linear regime, will lead to a magnitude spectrum which consists only of more or less 
pronounced odd higher harmonics with respect to the excitation frequency. It has to 
be noted that also even harmonics have been observed experimentally. These even 
harmonics may be attributed to experimental artifacts71, but also phenomena which 
occur on the microscopic scale may account for72.  
 
2.3. Block Copolymers  
The definition copolymer encloses a broad variety of macromolecular structures 
which all have in common, that the resulting polymer is composed of at least two 
different homopolymers which are covalently bond. With the aid of controlled 
polymerization techniques such as anionic polymerization73, atom transfer radical 
polymerization (ATRP)8 or Reversible addition fragmentation chain transfer (RAFT)4, 
a broad range of different molecular architectures can be obtained12 (see Fig. 17). 
The possibility to combine several polymer chains with different chemical, physical 






Fig. 17 Schematic representation of typical linear or branched block copolymer structures  
 
As they main focus of this thesis deals with linear diblock copolymer melts, the 
attention of the following discussion is restricted to this class of block copolymers.  
 
2.3.1. Physical properties  
The chemical heterogeneity of the monomeric species (A and B), the two different 
polymer blocks consist of, gives rise to one of the remarkable characteristics of these 
material class, the “microphase separation”. Three parameters control the phase 
behavior: the overall degree of polymerization, the overall volume fraction f and the 
segment-segment interaction parameter τFH (Flory-Huggins parameter)20. The 
phenomenon of phase separation, which occurs on a nanometer length scale 
(typically 10 – 100 nm), is governed by the two thermo dynamical effects, the 
enthalpy and the entropy.  
For a diblock copolymer the change in the Gibbs free energy ∆Gm can be derived 
from the Flory-Huggins-theory42: 
 
ln lnjm i i j i j FH
B i j
fG f f f f f
k T N N
            (2. 40) 
 
Equation (2.38), with kB being the Boltzmann constant and T the absolute 
temperature, relates the change in the free energy ΔGm, for each segment in the 










polymerization Nk and the so called Flory-Huggins interaction parameter τFH. The first 
two terms on the right hand side of equation (2.40) contributes to the entropy of 
mixing ΔSm while the last term is correlated to the enthalpy of mixing ΔHm.  
The Flory-Huggins interaction parameter τFH is given by the following definition: 
 
  1 1 ( )
2FH ij ii jjBk T
.             (2. 41) 
 
The parameter εij represents the interaction energy between different and εii 
respectively εjj between equal polymer segments. From equation (2.41) it can be 
seen that τFH is positive if the interaction between two different segments becomes 
larger than the interaction between identical polymer segments.  
In the case that τFH is positive the chemical diversity of the polymer blocks causes 
an unfavorable energetic situation, if the two segments A and B are in contact with 
each other. If τFH is increased (i.e. lowering the temperature) a reduction of the A-B 
segment contact is favored74, 75. Depending on the overall degree of polymerization N 
the system may arrange in an equilibrium state of minimum free energy, by 
undergoing a phase separation in regions with enriched concentration of polymer A 
respectively B. This local ordering causes a loss in translational and configurationally 
entropy74, 76.  
The Flory-Huggins parameter can also be expressed as a function of 
temperature77 via the following dependency: 
 
  1( )FH T T                 (2. 42) 
 
with α (α > 0) and β being experimentally determined parameters which are constants 
for a given block copolymer composition. This temperature dependence reflects the 
influence of the entropy to the locally compositional ordering. For increasing 
temperatures, τFH is becoming smaller, leading to an increased dominance of the 
entropy terms in equation (2.40). Above a critical temperature the local segregation is 
energetic not stable and the system will arrange in the amorphous minimum free 
energy configuration (see Fig. 18). The critical temperature, at which the transition 
between the microphase separated and the amorphous state occurs, is called the 




The onset of the ODT can be determined by different methods20. In this work the 
ODT was located on the one hand by rheological measurements in the linear-regime 
and temperature dependent SAXS measurements. From rheological measurements 
the ODT is identified by a drastic drop of the mechanical module obtained during a 
heating ramp, while for SAXS measurements the ODT is indicated by a discontinuity 
in the temperature behavior of both the peak intensities and the peak width. 
 
3  
Fig. 18 Illustration of the ordered disordered phase transition in a diblock copolymer with a given overall degree of 
polymerization N. 
 
For a PS-b-PI diblock copolymer system, with a major fraction of 1,4-polyisorpene 
in the PI-block, the α and β parameter were empirically determined by Owens et al.78 
which can be used to estimate τFH.  
 
  390.0419FH T
                (2. 43) 
 
At room temperature the Flory-Huggins parameter for a PS-b-PI is approximately τFH 
= 0.1. Therefore, the total degree of polymerization has to be above N > 100 to 
achieve a phase separated PS-b-PI diblock copolymer. 
Equation (2.40) reveals the proportionality of the entropic terms to N-1 while the 
enthalpy term is proportional to τFH. To define a measure for the strength of the 
phase separation in a block copolymer, the product of τFH*N is defined, which 
contributes to the relation between the enthalpy and entropy energy of mixing79. 
= Bock junction
T  ≥ TODT
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From this definition three region can be clarified which distinguished between weak 
(τFH*N ≈ 10), intermediate (τFH*N ≈ 10-100) and the strong (τFH*N ≥ 100) segregation 
limit. For compositions with fA = 0.5, the transition between ordered and disordered 
state occurs between τFH*N ≤ 10, see ref.
80. The strength of the segregation gives 
information about the ordered composition profile: in the weak segregation limit 
(WSL) the th composition profile is approximately sinusoidal while an increase in 
τFH*N leads to sharper interphase between the two segments which will last in a 
rectangular ordered composition profile for the strong segregation limit (SSL)79.  
As the two different polymer segregate the developing microphases obey different 
symmetries, depending on the volume fraction f of a block copolymer segment. In 
Fig. 19 the calculated phase diagram of a polystyrene-block-polyisoprene (PS-b-PI) 
diblock copolymer with varying volume fraction and segregation strength is shown. 
The calculations were carried out by Matsen et al.81 utilizing a mean field approach. 




Fig. 19 a) Calculated phase diagram for a PS-b-PI diblock copolymer with different micro phase symmetries
26
; 
BCC = body centered cubic, H = hexagonal, QIa3d = gyroide and L = lamellar. b) Schematic representation of the 





2.3.2. Mechanical response of diblock copolymers  
In section 2.1.5 the dynamic viscoelastic response of a homopolymer melt was 
discussed with respect to the polymer chain dynamics. A master curve of a PS linear 
homopolymer was provided in section 2.1.4 which is subdivided into four different 
regimes which occur with increasing frequency as follows: the flow zone which 
corresponds to the full reptation of the polymer chain; the rubber plateau which is the 
consequence of an entangled network restricting the polymer chain to fully reptate 
out of the constraining tube; and the transition zone which correlates to the 
movement of smaller segments along the polymer chain.  
For diblock copolymers the qualitative progression of the master curve has great 
similarities to the one of the homopolymers82 as can be seen in Fig. 20. Large 
differences are visible in the low frequency region where a further crossover between 
G‟‟ and G‟ occurs. Below that frequency G‟ dominates the mechanical response of 
the sample. This region is referred to the microstructure of the system which 
influences the mechanical response at sufficient low frequencies82. For higher 
frequencies the master curves of diblock copolymers are qualitatively similar to the 
one of linear homopolymer melts, with differences in the scaling behavior of G‟ and 
G‟‟ with respect to ω1. 
 
 
Fig. 20 Master curve of a PS-PI-20k-20k at TR = 160 °C. Except for the low frequency region the trend of the 
mechanical modulii as a function of frequency are similar to the one of homopolymer melts. 
 
























2.3.3. Symmetric diblock copolymer melts under LAOS 
Self assembly in block copolymer melts occurs on a nanometer length scale with 
various symmetries depending on the volume fraction fi of a specific block i, as 
shown in Fig. 19b for a polystyrene-block-polyisoprene (PS-b-PI) diblock copolymer. 
In the following discussion only the case for fi = 0.5 is considered as this morphology 
is from main interest for the investigations performed in this thesis. 
Usually self assembled microstructures tend to organize into locally anisotropic 
ordered domains, so called grains20. These grains are randomly orientated in the 
whole sample resulting in a macroscopically isotropic material (see Fig. 21). These 
ordered domains typically have a size on the submicrometer scale. For example, 
Floudas et al.83 estimated the domain sickness from the peak position and the peak 
width in the SAXS patterns for a PS-b-PI (Mw = 12200 g/mol, fPS = 51%, PDI = 1.06) 
with a lamellar thickness of 12.7 nm to be approximately 70 nm. 
 
 
Fig. 21 Schematic representation of a diblock copolymer sample with locally anisotropic ordered grains, which 
randomly orientate in the whole sample. The grain sizes are on the submicrometer scale. 
 
By applying a large amplitude oscillatory shear, the locally anisotropic ordered 
domains can be macroscopically aligned with respect to the shear field becoming 
macroscopically anisotropic. Three different macroscopic orientations have been 
reported in literature for symmetric diblock copolymers under LAOS conditions (see 
Fig. 22)30: 
 The parallel orientation, wherein the unit normal of the lamella directed 
along the shear gradient (OZ axis).  
 The perpendicular orientation with the lamellar unit normal along the 
neutral direction (OY axis). 
 The transverse orientation having the unit normal of the lamellar 






Fig. 22 Schematic representation of the observed three different types of macroscopic orientation as reported in 
literature30 for parallel plate geometries and sliding plate geometries. 
 
The schematic representation of the transverse orientation in the parallel plate 
geometries in Fig. 22 cannot be adapted to real systems as the block copolymer 
chains at the very center of the sample disc would be highly frustrated. The 
frustration is caused by the narrowing distance of the lamellae spacing towards the 
center, which would lead to a decreasing of the lamella spacing dLam. Closer lamella 
spacing would result in an unfavorable compression of the polymer chains. 
Furthermore, the transverse orientation is a rarely observed phenomenon30 which is 
also discussed in literature  as a transition state during shear-induced macroscopic 
parallel orientation84. 
The following discussion will consequently focus only on the macroscopic 
parallel and perpendicular orientation. To obtain these different states of alignment 
with respect to the shear flow the choice of the experimental conditions (T1, ω1/2π, γ0) 
are of major interests. In Fig. 23 the experimentally determined frequency and strain 
dependence for a polystyrene-block-polyisoprene (PS-b-PI-15k-13k) with weight 
average molecular weight Mw = 26;500 g/mol, fPS = 51% and a polydispersity of PDI 
= 1.04 is represented, measured in-situ with the unique Rheo-SAXS setup located at 
the “Deutsches Elektronen Synchrotron” (DESY) in Hamburg35. It can be seen that 
the resulting macroscopic orientation at an arbitrary temperature (Tg < T < TODT) is a 
complex function of both frequency and strain amplitude. This behavior has bee 























Fig. 23 Frequency and strain dependence of the stable macroscopic orientations (perpendicular and lamellar) for 
PS-b-PI-15k-13k at 160 °C. The measurements were performed with an unique Rheo-SAXS setup35 at DESY. 
 
To make predictions about the possible macroscopic alignment as a function of 
frequency and temperature, two methods are frequently discussed in literature82. 
Both methods focus on the frequency and temperature dependence of the linear 
dynamic mechanic response such as the complex viscosity and the complex 
modulus.  
One approach considers the frequency dependence of the absolute value of the 
complex viscosity lε*l, see ref.82. The deviance from a linear behavior along this 
curve is regarded as the point at which the transition between the parallel and the 
perpendicular alignment occurs.  
Earlier work from Winey et al.85 and Larson et al.86 found that the master curve of 
mechanical modulus G‟ and G‟‟ for various temperatures above and close to the TODT 
revealed a cross over point between the module in the amorphous and ordered state. 
This cross over was taken as a critical frequency ωc/2π above and below the 
perpendicular respectively parallel alignment takes place87. Nevertheless, this 











parallel alignment at high frequencies (low temperatures) which was assumed to 
occur for ω1/2π >> ωc/2π. In a simplified picture, without considering more complex 
effects being attributed to the strain amplitude, the regions for the parallel to 
perpendicular transition can be classified from the linear mechanical response as 
shown in Fig. 23. 
 
 
Fig. 24 Experimentally obtained Master curve for PS-b-PI-20k-20k at T = 160 °C illustrating a rough 
approximation of the three different regime corresponding to the macroscopic orientation under LAOS. Effects of 
the strain amplitude to the overall macroscopic alignment are not considered. 
 
2.4. Dielectric Relaxation Spectroscopy 
The dielectric relaxation spectroscopy (DRS) is a method to probe the dielectric 
properties of a material in an oscillating electric field. The important investigations of 
the dielectric properties contribute to a more detailed understanding of the molecular 
dynamics in condensed matter88. Furthermore, for technical applications the precise 
knowledge about the dielectric properties of a material is from great importance as 
for instance in the field of capacitors, where material with a high permittivity ε‟ have to 
be deployed. In the following a brief introduction to the basic principles of DRS and 
its application in the field of polymer science is provided. To derive the in the 
following presented basic aspects of DRS mainly the text books of F. Kremer88 and 
N. G. McCrum89 was adopted.  




















2.4.1. Basic considerations 
The simplest setup of a dielectric measurement cell is the parallel plate capacitor. 
In between the parallel plates a dielectric medium is placed (see Fig. 25). The time 
dependent electric field is generated by applying an oscillating electrical voltage to 
the parallel plates. 
  
  0 1( ) sinU t U t .                (2. 44) 
 
The time dependent oscillating electric field is correlated to the voltage by the 
following expression, simplified by the complex notation: 
 
  0 1
( )( ) exp( )U tE t E i t
d
.              (2. 45) 
 
The electric field forces the dipole moment of the molecules (only permanent 
molecular dipoles) to arrange along the field vector 
r
E . This molecular property 
results in a macroscopic polarization 
r
P  of the sample: 
 
  *0 ( 1)P E ,                 (2. 46) 
 
with ε0 = 8.854*10-12 
A s
V m
 being the permittivity of the vacuum and ε* the frequency 






Fig. 25 Schematic representation of a dielectric medium (black solid lines) in between a parallel plate capacitor. 
The homogeneous electric field is indicated by the red arrows. 
 
The total polarization of a material can be expressed as the sum over the induced 
polarization 
r
P , which is caused by the dislocation of the electron shell, and the 
orientation polarization expressed by the microscopic dipole moments 
r
i  per volume 
V:  
 




.                (2. 47) 
 
2.4.2. Dielectric Relaxation (linear response theory) 
In the presented discussion of dielectric polarization the orientation polarization 
will be of main concern, since the induced polarization is sufficiently rapid and does 
not contribute to the frequency range under consideration49 (0.1 Hz to 1 MHz). 
The theory of dielectric relaxation is a special case of the “linear response 
theory”88. In the linear response theory, the time dependent polarization 
r
P  which is 
caused by the electrical field, can be expressed as follows: 
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,       (2. 48) 
 
with ε(t) being the time dependent dielectric function. The response of ε(t) to a rapidly 







Fig. 26 a) Time dependent electrical field which is applied to a dielectric material. b) Response of the time 
dependent dielectric function to an rapidly applied electrical excitation (a). 
 
In the beginning an immediate increase in the dielectric function is observed, 
which is caused by induced polarization. Afterwards, ε(t) shows an exponential 
increase in time, until it reaches a plateau value. In systems which respond linearly, 
with respect to the amplitude of the oscillating electric field, time domain 
measurements can be transformed into the frequency domain via a Fourier 
Transformation and equation (2.48) becomes89: 
 
  *0( , ) ( ( ) 1) ( , )P t E t ,             (2. 49) 
 
with the complex dielectric function 
 




                  (2. 51) 
 
Similar to the complex modulus G* in the rheology (compare equation (2.13)), the 
real part of equation (2.50) corresponds to the dielectric storage modulus ε‟(ω) and 
the imaginary part to the dielectric loss modulus ε‟‟(ω). The dielectric loss angle δe is 
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with ∆ε being the dielectric strength and ε∞ being the limit for very high frequencies. 
The dielectric strength is proportional to the dipole moment r  directed along the 
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 For a macroscopic sample the determined dipole moment is an average value90. 
Due to stochastically thermal movements of the molecules this value fluctuates 
around its mean value. For the stationary state the dipole moment of the sample can 
be expressed by the auto-correlation function of the dipole moments in the sample: 
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        (2. 55) 
 
The first part in equation (2.55) is the dipole-dipole auto-correlation function and the 
second part describes the cross-correlations while in most systems under 
investigation the auto-correlation function is the dominant part which contributes to 







2.4.3. Relaxation models 
The relaxation models presented here are mainly applied for molecular processes 
and dielectric relaxations in a frequency range minor than 100 GHz and are 
discussed in more detail in reference88. The models concern dielectric relaxation 
processes of permanent dipoles in glassy soft matter, such as polymer melts.  
The non-linear time dependence of ε(t) is caused by the delay (lag) of the 
permanent dipoles to orientate along an external electric field. The electric stimulus 
can be stepwise applied (time domain) or as a sinusoidal periodic stimulus 
(frequency domain). The molecular dynamic to retain their equilibrium state after the 
electric stimulus is turned off is called relaxation. The relaxation process is 
characterized by its relaxation time ηe, that is a measure for the dynamic of a system 
to reach the equilibrium.  
With the assumption that the time dependent decay of the deflection is 
proportional to the total deflection the relaxation process for an ideal non-interacting 
system with spherical molecules, can be expressed by first order differential 
equation88: 
 
  ( ) 1 ( )
e
dP t P t
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,                 (2. 56) 
 
with 1/ηe being the proportional constant. Equation (2.56) indicates that after the 
electrical stimulus is turned off, the time dependent polarization shows exponential 
decay: 
 
  0( ) exp
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With this expression the frequency dependent complex dielectric function becomes: 
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This approach was first derived from Debey, therefore, simple exponential relaxation 
processes which fulfill this relation are called Debey relaxations.  
This model is often not sufficient to describe the observed relaxation phenomena 
in glassy soft matter. For example, the permanent dipoles in polymer melts cannot be 
approximated as spherical units. Although, the interaction of the polymer chains in 
the bulk (e.g. entanglements), constrain the physical dipoles to freely align to or relax 
from the electrical excitation. This matrix interaction can be regarded as energy 
barriers which have to be overcome. To adapt the Debey relaxation to the 
experimentally obtained relaxation processes, the model can be extended by 
introducing parameters, which take into account peak broadening and asymmetric 
shapes caused by the matrix interaction. One of these models is the Cole-Cole 
approach91: 
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1 CCi               
(2. 61) 
 
The Cole-Cole model, only account to peak broadening by introducing the α 
parameter (0 < α ≤ 1). To additionally account for an asymmetric peak shape in the 
frequency domain, Havriliak and Negami suggested the following semi-empirical 
function92: 
 




.             (2. 62) 
 
On the one hand this function fulfils the observed peak broadening by introducing 
the α parameter, which causes a stronger peak broadening for small α values. On the 




1). The slope of the low frequency of the dielectric loss peak ε‟‟ is correlated with ωα, 
while the slope on the high frequency side is determined by ω-αβ, with αβ ≤ 1. Fig. 27 
visualizes the accuracy of the above introduced models with respect to the dielectric 
chain relaxation mode of a 1,4-cis-polyisoprene (Mw = 20,000 g/mol, PDI = 1.03). 
 
 
Fig. 27 Experimental dielectric normal mode (open squares) of a linear 1,4-cis-polyisoprene (Mw = 20,000 g/mol, 
PDI = 1.03) at T = 0 °C. The lines represent the Debey- (line+dots), the Cole-Cole (dots) and the Havriliak-
Negami (solid line) relaxation functions. 
 
2.4.4. Dipole moments in polymers 
For small molecules the permanent dipole moment can be expressed by a vector 
r . In contrast, polymers consist of several 100 to 1000 monomer units, each of them 
having one or more dipole moments. To classify the different dipole moments which 
appear in a polymer chain, Stockmeyer suggested a special classification93. This 
classification indexes different types of polymers into three categories (see Fig. 28): 
 
 The type A polymers, such as 1,4-cis-polyisoprene, consist of segmental units 
which exhibit a molecular dipole moment along the backbone of the polymer 
chains. The sum over all segmental dipole moments i
r
 results in a total dipole 
moment Sum
r
, which corresponds to the end-to-end vector of the polymer 
chain. Therefore, it is possible to investigate polymer chain relaxations via 
dielectric relaxation spectroscopy. The relaxation process is designated as the 
normal mode. 
















 The segmental units which build up type B polymers posses no dipole 
moments directed parallel to the polymer back bone. The dipole moments of 
these polymers, such as polystyrene, are directed perpendicular to the back 
bone. This permits the detection of the relaxation processes of polymer 
segments, which are strongly related to the glass transition temperature of the 
polymer. The relaxation process is dedicated as the segmental- respectively 
the α-mode. 
 Type C polymers exhibit permanent dipole moments in the side groups, for 
example polymethylacrylates94 (PMA) or polymethylmetacrylates (PMMA). 
Usually side group relaxation occurs on a short time scale which causes a shift 
to higher frequencies with respect to the normal- and α-mode. The relaxation 




Fig. 28 Stockmeyer classification of polymer chains with different dipole moments. The arrow indicates a 
decrease in the relaxation time if measured at a specific temperature above the Tg. 
 
It has to be noticed, that pure type A and type C polymers do not exist. Moreover, 
these types of polymers also exhibit a dipole moment perpendicular to the polymer 
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relaxation times of the above mentioned three different relaxation modes, for one 
specific type of polymers, decreases in the order shown in Fig. 28. 
As an example for a type A polymer, Fig. 29 shows the experimental dielectric 
relaxation spectra for two 1,4-cis-polyisoprene sample with molecular weights of 
10000 g/mol (PDI = 1.02) and 20000 g/mol (PDI = 1.03) at different temperatures 
between -30 °C ≤ T ≤ -10 °C. 
 
 
Fig. 29 Logarithmic plot of the frequency dependence of the dielectric loss ε’’ for PI-10k and PI-20k at different 
temperatures. The different relaxation modes which indicate the polymer chain relaxation (normal mode) and the 
segmental relaxation (segmental, α-mode) are highlighted. 
 
An important characteristic of the normal mode is the strong molecular weight 
dependence on the of the polymer chains. Regarding the isothermal relaxation peaks 
at low frequencies (the normal mode) in Fig. 29 for PI-10k and PI-20k it can be seen 
that the normal mode for PI-20k is shifted to lower frequencies. Form experimental 
data95, 96 it could be shown, that above the critical molecular weight the longest 
relaxation time ηmax-normal is proportional to ηmax-normal ~ M4, see ref.88. In contrast, the 
segmental mode shows no significant dependence to the overall molecular weights 
of the polymers. The normal and segmental modes are both Arrhenius activated 
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2.5. Small angle X-ray scattering 
Small angle X-Ray scattering (SAXS) is a preferred method to analyze and 
characterize the structural properties of condensed matter on mesoscopic length 
scale between approximately 1 and 500 nm. As most of the macroscopic properties, 
for instance mechanical, magnetical, electrical or optical, are strongly influenced by 
the nanostructure of hierarchically ordered matter, a detailed understanding and 
characterization of induced structures and ordering on the nm-scale is a key factor 
towards new functional materials. In this section the basic principles and applications 
for polymer materials are presented. 
 
2.5.1. Basic principles of scattering 
An electromagnetic radiation may interfere with matter in two different ways: 
 The absorption is a dissipative phenomenon and can be described 
quantitatively by the Lambert-Beer law (equation (2.61)). If an electromagnetic 
wave passes through a transparent substance the initial intensity I0 is 
decreased depending on the extinction coefficient εi, the concentration of 
absorbing species ci and the length L of the irradiated sample. The intensities 





tI I e               (2. 63) 
 
 Scattering occurs if an electromagnetic wave interacts with a molecule or the 
electron shell of an atom, e.g. inducing an electrical dipole. This induced 
dipole irradiates again an electromagnetic wave in various spatial directions. 
The observed scattered intensities are interferences of the scattered 
electromagnetic wave from all scattering centers (e.g. molecules or atoms) in 
the irradiated volume. Scattering processes are called elastic, if the scattered 
electromagnetic waves have the same frequency as the incident radiation. 
Otherwise the scattering phenomenon is decelerated as inelastic.  
The mathematical derivation introduced for the scattering phenomena are 




discussion executively gives attention to the elastic scattering phenomena, as for 
most SAXS experiments inelastic scattering can be neglected while absorption 
phenomena can be experimentally determined.  
The electromagnetic wave consists of an electric and magnetic field which 
oscillates in phase perpendicular to each other and perpendicular to the direction of 
energy propagation. Usually magnetic fields are neglected in the discussion of 
scattering phenomena.  
The time and local dependence of the electrical field vector 
r
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with the amplitude 
r
0E , the frequency ( 1  = ω1/2π) and the wave length λ. At the point 
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As already mentioned above, the oscillating electrical field interferes with matter by 
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The parameter α is the polarizability which determines the response of the matter to 
the electric field. 
The induced, oscillating dipole irradiates an electromagnetic wave with the same 
frequency as the incident light, which is dedicated as the elastic scattered light. The 
electromagnetic field scattered by the molecule is dependent on the observation 












           (2. 67) 
 
The experimental accessible scattered intensity is determined by the square of the 
amplitude of the scattered electric field. The ratio between incident Intensity I0 and 










.               (2. 68) 
 
Equation (2.68) was first derived by Lord Rayleigh from his studies about visible light 
scattering49. The derivation above was done under the assumption of polarized light. 











.              (2. 69) 
 
The last term in equation (2.69) contributes to the polarization of the incident light. 
For small angle X-ray scattering with unpolarized light, the effect of polarization can 
be neglected99. 
 
2.5.2. The Bragg equation 
The Bragg's law gives the angles for coherent and incoherent scattering from a 
crystal lattice. The scattered waves interfere with each other either constructively or 
destructively. This interference produces a diffraction pattern at the point of 
investigation. Whether, constrictive or destructive interferences are observed, is 
described by the Bragg equation49: 
 
  2 sin( )n d ,                 (2. 70) 
 
with the spatial periodicity of the scattering domains d, the wavelength λ and the 




it arises that the path difference between the two scattered waves has to be an 
integer n of the applied wave length.  
However, as the Bragg equation is a scalar equation, it is often useful to describe 
scattering in a vectorial expression. The principle of a scattering experiment is 
schematically shown in Fig. 30, while the incident and scattered beam are expressed 








Fig. 30 Geometry of a scattering experiment.   
 
Due to the definition of an elastic scattering process, the radiation frequency remains 





2'k k ,                 (2. 71) 
 
with the definition of the wave vectors, a scattering vector 
r
q  can be defined which 












Fig. 31 Sketch of the vectorial representation of the scattering vector 
r
q which depends on the incident and the 
scattered wave vector 
r




The absolute value of 
r
q  is given by: 
 
  
r 4 sin( )q .                 (2. 73) 
 
For constructive interferences the path difference 
r
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By combining equation (2.70) and equation (2.73), the correlation between the Bragg 
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2.5.3. Structure and form factor 
The accessible quantity in scattering experiments is the intensity of the scattered 
beam Is(
r














with Ie being the scattered intensity of an electron: 
 
  0 2




.            (2. 77) 
 
Herein, the classical electron radius is described by e²/mc², with the charge e, the 
electron mass m and the speed of light c. The sample detector distance is described 
by rd. The last term in equation (2.77) attributes to the polarization factor which is 
equal to 1 for SAXS experiments.  
The amplitude of the scattered beam As(
r
q ) derives from the Fourier 
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The electron density 
r
( )r  is described as the number of electrons per unit volume V 
at the position 
r
r . The electron density distribution can be regarded as a convolution 
of the differential electron density 
r
( )r  in a specific domain with δ-functions 
r
( )r  
which describe the position of a domain99, 100, for instance to describe a multi body 
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From the concepts of the Fourier Transformation67 it follows that a FT of a 
convolution is equal to the product of two functions being Fourier transformed. 
Therefore, equation (2.78) can be rewritten to: 
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The term ( )P q
r
 is dedicated as the form factor and 
r
( )S q  as the structure factor.  
The definition of the form- and structure factor varies from the problem under 
examination. 
 For single molecule characterization in solution the form factor is the scattering 
of one molecule in ideal solution while the structure factor describes the 
interaction. 
 For colloidal particles, such as latex dispersions (see Fig. 32), the form factor 
is related to the colloidal domain, here the spherical shape, while the structure 
factor describes the interaction between different particles. The description of 
the particle as a sphere with perfect homogenous density would result in slope 
of the scattering of 4qr  for high scattering vectors. In reality, the single chain 
interferes with the scattering of the particle, as a consequence of the not 
constant density. This phenomenon results in a liquid like scattering intensity 
due to the inner structure of the domain (sphere).  
 In the same way, lamellae morphologies can be expressed by stacks of 
constant electron density (form factor) while the single stacks are arranged in 
perfect order (structure factor) with a periodicity L (see Fig. 33). In this way the 
scattering intensity can be derived from the product of the form factor (single 
lamella) and the structure factor: where the structure factor is more 
pronounced and becomes the dominant part of the scattering. In Fig. 33 the 






Fig. 32 Scattering intensity of colloidal latex particle (D=60 nm, =9%). The Black-Line is the simplified form 
factor, the Fourier transform of the colloidal shape. The Inset shows the structure factor of uncharged spherical 
particles with a volume concentration of 30% calculated according Percus-Yevick theory101. 
 
 
Fig. 33 Experimental data for a symmetric PS-b-PI-27k-32k (Mw=59,000 g/mol, fPS = 46%, PDI = 1.06), the peaks 
correspond to the structure factor for an orientated lamella microsrucutre. 
 
2.5.4. Scattering from diblock copolymers 
Diblock copolymers self-assemble into a variety of ordered structures with 
nanoscale periodicities20 (see Fig. 19b). These ordered structures gives rise to 
reflections in the small angle X-ray scattering patterns, as described in the previous 







































blocks need to be different in order to allow the investigation of the morphology by 
SAXS techniques. The electron density for a specific polymer block can be calculated 
as followed: 
 




                (2. 82) 
 
Herein NA denotes the Avogadro constant, ρel the electron density, ρi the density of 
the component i, Zel the number of electrons of the component i and mi the molar 
mass of component i. 
If the phase separated systems provide long range periodicity the appearing 
scattering reflections provide information about the spatial distribution of the 
scattering objects. Each morphology has a characteristic sequence of scattering 
reflections which are observed in the scattering pattern. The different morphologies 
are classified by the appearance of higher order reflections with respect to the 
scattering vector 
r
q  (see Tab. 1). 
 
Lamellae q0 2q0 3q0 4q0 5q0 6q0 7q0 
Gyroid 
(Bicontinous) 
q0 31/2 q0 41/2 q0 71/2 q0 81/2q0 101/2q0 111/2q0 
Hexagonal 
(Cylinders) 
q0 31/2 q0 41/2 q0 71/2 q0 91/2 q0 111/2 131/2 
BCC (Spheres) q0 21/2 q0 31/2 q0 41/2 q0 51/2 q0 61/2 q0 71/2 q0 
Tab. 1 Characteristic reflections for different microphase symmetries20. 
 
The spacing of the reflections is inverse related to the spacing of the lattice (see 
equation (2.75)). From the first order reflection of a lamellae morphology the long 
period, which is defined as the distance between two different block segments 











3. Experimental Methods and Setups 
This section provides the description of the anionic polymerization technique and 
the experimental setups which were mainly used in this thesis. The technical part 
contains the details about the three different combined methods namely the FT-
Rheology setup, the optimized, high sensitive Rheo-Dielectric- and the newly 
developed Rheo-SAXS combination. 
 
3.1. Anionic polymerization techniques 
3.1.1. Basic considerations 
The anionic polymerization had been first established in polymer science by 
Szwarc et al.102 in the 1950‟s. This technique has the major advantaged over the 
conventional used free radical polymerization, that in the absence of contamination 
products no termination reactions occur. As the chain polymerization propagates via 
anionic species, termination mechanisms such as chain-chain recombination or 
disproportionation are suppressed, due to the Coulomb interaction between the 
equally charged reactive chain ends. Termination only occurs by reaction with 
chemical impurities or an intra- / intermolecular back biting or transfer reaction of 
monomers having electrophile functional groups, for instance methacrylates12. For 
this reason the anionic polymerization is defined as a controlled or “living 
polymerization”. The living character of the anionic polymerization has the two major 
advantages: 
 Due to the absence of termination reaction each polymer chain contains a 
reactive carbanion group. This functional group can be used to build up 
complex architectures or block copolymers by simple nucleophilic substitution 
reactions or by adding a new monomer to the living polymer chains13, 103, 104.  
 The absence of termination reaction also influences the kinetic of the 
polymerization process, which leads to a narrow molecular weight distribution 
indexed by the polydispersity PDI of the polymer chains. Usually a molecular 
weight distribution is regarded as narrow if the PDI is less than 1.1, see ref.12.  
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The total molecular weight distribution can be approximated by statistical 
distributions. For the free radical polymerization, e.g. a Schulz-Flory- and for the 
controlled anionic polymerization a Poisson distribution can be derived105.  
 
3.1.2. Anionic synthesis of the model compounds 
All polymer compounds used in this thesis were synthesized via anionic 
polymerization utilizing high vacuum techniques73. A detailed description of the 
experimental procedure for the synthesis of the different polymers is provided in 
chapter 9. In the following the underlying mechanism of the anionic polymerization of 
vinyl compounds is discussed for the example of a polystyrene-block-polyisoprene 
(PS-b-PI) diblock copolymer.  
 The reactions were carried out under argon atmosphere using secondary 
buthyllithium (sec-BuLi) as an initiator. Thoroughly dried non-polar solvents such as 
cyclohexane and toluene were used. However, the dissociation of the initiator in non-
polar solvents is reduced compared to polar solvents such as tetrahydrofuran 
(THF)12, the use of non-polar solvents is essential for the synthesis of block 
copolymers containing a high degree of 1,4-polyisorene. In non-polar solvents, the 
alkyl lithium compounds are aggregated forming three-center two-electron bonds106. 
These so called contact ion pairs are less reactive, due to the closer distance 
between anionic and cationic species then the solvent separated alkyllithium 






Fig. 34 States of aggregation of initiator respectively chain ends in non-polar and polar solvents12. The number of 
aggregation is n, S denotes the solvent, P the active polymer chain and M the monomer. 
 
The regiospecific polymerization of polyisoprene with an high 1,4-fraction in non-
polar solvents is explained by the absence of Lewis-bases which complex the Lithium 
counter ion in the polymerization process. A schematic sketch of the propagation of 
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Fig. 35 Solvent depending region-selectivity of polyisoprene active centers.  
 
The content of cis- or trans- 1,4-polyisoprene depends on the rate constant for the 
addition of a isoprene monomer to the active chain end and the rate of constant for 
an cis / trans isomerisation under the chosen conditions12. For the 
homopolymerization of isoprene at room temperature and toluene as a solvent, the 
ratio between cis- and trans- content is approximately 70 to 80%. As only 1,4-cis-
polyisoprene possesses a dipole moment along the polymer back bone (Type A 
Polymer, see 2.4.4), it is important to keep the 1,4-cis content as high as possible to 
enable precise and reliable dielectric measurements of the polymer chain dynamics.  
It is worth to mention herein, that the choice of the organ metallic compounds can 
influence the tacticity of the polymer chain. For instance in the polymerization 
systems of methacrylates the polymerization initiated by lithium organic compounds 
(Li+) in a polar solvent like THF leads to a high amount of syndiotactic addition, while 
the use of Cesium (Cs+) as a counter ion in THF results in a predominant heterotactic 
addition12.  
The PS-b-PI diblock copolymers are synthesized by sequential anionic 




Subsequently, the purified isoprene is added to the living polystyrene chains which 
react to a diblock copolymer with narrow polydispersity of PDI < 1.1. The reaction is 
terminated by adding methanol to the reaction mixture.  
To receive a narrow molecular weight distribution, the sequence of the 
polymerization steps is important, as the addition of a polyisoprene molecule to an 
active polystyrene chain end, is 15 times faster then the following addition of further 
isoprene molecules to the polymer chain end107. Whereas the addition of a 
polystyrene molecule to an active polyisoprene chain end would be 20 times slower 
than the following consumption of styrene monomers, which would lead to a 
broadened molecular weight distribution. In Fig. 36 a schematic sketch of the 
sequential polymerization of PS-b-PI is shown.  
 
 
Fig. 36 Schematic sketch of the sequential anionic polymerization of styrene and isoprene to PS-b-PI. 
 
3.1.3. Characterization of the model compounds 
The model compounds synthesized in this thesis were characterized with respect 
to their chemical composition by size-exclusion chromatography (SEC) and 1H-
nuclear magnetic resonance spectroscopy (1H-NMR). The molecular weight of the 
1. Polymerization of styrene 





polystyrene homopolymers and precursors were characterized by SEC, which was 
operated with THF as solvent and calibrated to linear polystyrene. The 
concentrations of the polymer chains in the continuous eluent flow were analyzed by 
spectroscopic techniques, with a refractive index detector (RI-detector) or an 
ultraviolet detector (UV-detector). In addition, the polydispersity index for the whole 
set of model compounds, including the PS-b-PI samples, was determined from SEC 
measurements.  
The RI- and UV- signal provides no further information than the concentration 
profile of the different polymer chains. Furthermore, precise molecular weight 
measurements are restricted to the calibration to linear polystyrene. Therefore, 1H-
NMR spectroscopy was applied to probe the different molecular microstructures 
which may occur during the polymerization of isoprene (see Fig. 37) and to calculate 
the total molecular weight of the diblock copolymers. 
 
 
Fig. 37 Different possible microstructures of polyisoprene 
 
In Fig. 38 a representative 1H-NMR spectra (400 MHz, CDCl3) for an anionically 
synthesized PS-b-PI-20k-20k is shown. The diblock copolymer was polymerized in 
toluene, resulting in an high degree of 1,4- (5.06 ppm) rather than 3,4- (4.65 ppm) or 
1,2- (5.73 ppm) polyisoprene. The content of 1,4-cis-polyisoprene for the 
homopolymers and the PS-b-PI diblock copolymers was calculated from the peak 
area of the 1,4-cis-methyl-protons at 1.61 ppm and the 1,4-trans-methyl-protons at 







Fig. 38 400 MHz 1H-NMR of an anionically synthesized PS-b-PI-20k-20k (Mw = 40,000 g/mol, fPS = 50%, PDI = 
1.05, T = 25 °C) 
 
The total weight average of the molecular weight Mw and the volume fraction of 
the PS block fPS of the PS-b-PI diblock copolymer were calculated by the following 
procedure: 
 First a small amount of the PS precursor was taken and the molecular 
weight was determined by SEC. 
 A 1H-NMR spectra of the PS-b-PI diblock copolymer was detected. From 
the ratio of the peak area of the aromatic protons of the PS block and the 
peak area of the methylene protons of the PI block the Mw of the PI block 
can be calculated. 
The structural properties of the diblock copolymers were characterized by small 
angle X-ray scattering. The morphologies were derived from the appearance of 
higher order reflections in the SAXS patterns, as described in section 2.5.4. A 
representative scattering pattern of a macroscopic aligned PS-b-PI-22k-21k (Mw = 
42,500 g/mol, fPS = 52%, PDI = 1.04) is shown in Fig. 39. The integer periodicity of 
the higher order reflections indicates a lamellar morphology, as it is expected for a 
symmetric diblock copolymer. The spacial distribution of the lamellae dedicated as 





































Form the first order reflection in Fig. 39 at q0 = 0.21 nm-1 a long period of L = 29.9 nm 
is calculated. This corresponds to lamella spacing of one block of dblock = 14.95 nm. 
 
 
Fig. 39 SAXS pattern for a macroscopic aligned PS-b-PI-22k-21k diblock copolymer. The higher order reflections 
indicate a lamella morphology. 
 
Simulations have shown108 that the lamella spacing dblock is proportional to the 
total degree of polymerization N, the statistic segment length and the Flory-Huggins 
parameter τFH: 
 
  2/3~block FHd a N                 (3. 3) 
 
In Fig. 40 the double logarithmic plot of the total degree of polymerization versus the 
lamella spacing for symmetric diblock copolymers with different molecular weights is 
shown. The lowest and highest total degree of polymerization correspond to PS-b-PI-
13k-13k (Mw¸=26,500 g/mol, fPS = 51%, PDI = 1.03) respectively PS-b-PI-70k-70k (Mw 
= 145,000 g/mol, fPS =  48%, PDI = 1.07).  
 





















Fig. 40 Double logarithmic plot of the total degree of polymerization N versus the lamella spacing d lamellae (at T = 
22 °C) determined experimentally utilizing the samples summarized in Tab. 2. 
 
The deviance of the obtained slope from the predicted value of 2/3 is less than 
10%. Although the relationship (3.3) has been derived for block copolymers in the 
strong segregation limit109 (τFH*N ≥ 100), the investigated diblock copolymers, having 
segregation strength in the intermediate segregation limit (τFH*N ≈ 10 – 100), are in 
good comparison with predicted value. 
 The ordered disordered transition temperature was detected by a drastic 
decrease in the temperature dependence of the low frequency (ω1/2π = 1 Hz) 
mechanical storage (G‟) and loss modulus (G‟‟) applying a heating rate of 0.5 K/min. 
Fig. 41 shows a representative temperature sweep test for PS-b-PI-15k-13k. For total 
molecular weights above 40,000 g/mol the TODT could not be detected in the 
accessible temperature range (Tmax = 300 °C). 
 
 
























Fig. 41 Temperature sweep test for the rheological determination of the TODT for PS-b-PI-15k-13k (ω1/2π = 1 Hz, 
Heat rate = 0.5 K/min). The TODT  is determined by a drastic decrease of the low frequency modulii G’ and G’’. 
 
Tab. 2 summarizes the synthesized PS-b-PI diblock copolymers and their chemical 
and physical properties. 
 
Sample  Mw [g/mol] fPS [%] Morphology τFH*N (at 22 °C) TODT
 [K] 
PS-b-PI-13k-13k 26,500 51 Lamellar 29 478 
PS-b-PI-15k-13k 28,000 54 Lamellar 33 480 
PS-b-PI-17k-17k 35,000 49 Lamellar 37 491 
PS-b-PI-22k-21k 42,500 52 Lamellar 48 x 
PS-b-PI-27k-32k 59,000 46 Lamellar 68 x 
PS-b-PI-40k-40k 83,000 48 Lamellar 99 X 
PS-b-PI-70k-75k 144,500 49 Lamellar 154 X 
Tab. 2 Summary over the synthesized PS-b-PI diblock copolymers which were mainly investigated in this thesis. 
PS-b-PI diblock copolymers with a TODT above the experimental accessible temperature range (250 °C) are 
assigned with a X. 
 
3.2. Non-linear dynamic mechanical measurements 
3.2.1. Quantitative methods 
The mechanical investigation of complex fluids under large amplitude oscillatory 
shear (LAOS) has become of major interest in the last decades61, 62, 70, 110-112. With 
LAOS tests, mechanical non-linear properties can be studied for a large class of 





















materials such as polymer melts and solutions, block copolymers, biological 
macromolecules and polyelectrolytes. These experiments are of major interest as in 
most processing operations the mechanical demands are beyond the region in which 
the materials behave mechanically linear. In the following, a brief overview of the 
recent developments in the field of non-linear oscillatory shear tests is provided while 
the basics of experimental setups used to obtain raw stress data under LAOS are 
discussed in section 3.2.2. For a more detailed discussion about non-linear 
oscillatory shear tests the reader is referred to the review article of Hyun et al.29 and 
the publication cited there. The introduced methods were proposed to analyze non-
linear stress response to deformation controlled oscillatory shear. 
 
a) Stress decomposition 
Stress decomposition113 is one quantitative method which regards the rheological 
non-linear stress data as a superposition of elastic stress ξ‟(γ) and viscous stress 
ξ‟‟(γ). With the requirement that the symmetry criteria ( ( , ) ( , )& & ) is 
fulfilled113, the shear stress can be composed into a term which is only a function of 
the strain and a term ξEO( & ) which only contributes to the shear stress: 
 
  ( , ) ( , ) ( , ) ( , )( , ) ( , ) ( , )
2 2 OE EO
& & & &
& & &
.
  (3. 4) 
 
It follows that OE is correlated to the elastic stress and EO  to the viscous stress. 
The stress decomposition concept was extended by Ewoldt et al.114 introducing 
Chebyshev polynomials, which overcome the drawback of non-orthogonality of 
polynomial regression fitting, to determine non-linear coefficients.  
 
b) Characteristic functions  
In recent years an interpretive method has been developed by Klein et al.62 to 
model the obtained non-linear stress response. This model is based on semi 
empirical interpretations that the waveforms, which correspond to known rheological 
phenomena as shear thinning or shear hardening. These can be described by 




 The linear response is characterized by a sine function: 
 
1( ) sin( )lin lin lint A t .            (3. 5) 
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 Effects of shear band or wall slips, which are assumed to cause even 
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.
 (3. 8) 
 
With these characteristic functions the time domain signal of ξ(t) can be expressed by 
a superposition of these function: 
 
  ( ) ( ) ( ) ( ) ( )lin r t stt t t t t .            (3. 9) 
 
The relative contributions of these functions are capable to describe the real 
signal correlate with the magnitude and phase angle of the relative higher harmonics 
obtained by FT-Rheology62. Therefore, they can be used to determine non-linear 
mechanical phenomena such as in emulsions and suspensions. 
From equation (3.9) it can be seen that for shear softening the intensities of the 
higher harmonics decay as 1/n (n = 1, 3, 5, …). Therefore, it is assumed that the 
relative intensity of the third harmonic I3/1 will be the dominant signal in the non-linear 




response. From this expression it becomes also obvious that the maximum value of 
I3/1 would be limited to 33%. 
 
c) FT-Rheology 
The basic principles of FT-Rheology were already introduced in section 2.2.2. 
Herein, a new nonlinear quantitative coefficient Q70, derived from FT-Rheology is 
introduced.  
In the linear viscoelastic regime I3/1 should be zero, as the stress response is only 
a function of frequency. However, in the non-linear regime I3/1 becomes infinite and 
increases with increasing degree of mechanical non-linearity29. From the series 





nI n                (3. 10) 
 
Therefore, I3/1 scales quadratically with respect to the strain amplitude: 
 
  23/1 0~I                   (3. 11) 
 
For the first time, Hyun et al.70 examined the quadratic scaling with strain amplitude 
of I3/1 for various polymer melts. From these proposed a new non-linear coefficient Q 




IQ .                  (3. 12) 
 
This new coefficient Q(ω,γ0) is a function of both strain amplitude and frequency 
and is considered to characterize the non-linear mechanical behavior. For sufficient 
low strain amplitudes an asymptotic limiting value was found, similar like other 
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Recent studies revealed that Q0 can quantify non-linearity of complex fluids as a 
function of frequency115. 
 
3.2.2. Experimental setup 
All FT-Rheology measurements were performed with a strain controlled ARES 
Rheometer (TA-Instruments) with a separated motor and transducer technology. The 
rheometer is equipped with two torque transducers with different sensitivities. 
Transducer 1 was adopted for measurement at low viscosities with a dynamic range 
between 2*10-6 to 2*10-3 Nm. For higher torques, Transducer 2 was used which was 
capable to measure torques from 2*10-4 up to 0.2 Nm.  
Additionally the rheometer was equipped with a high resolution motor with an 
accessible frequency range between 10-4 to 20 Hz and a deformation amplitude 
ranging from 0.005 to 500 mrad. Furthermore, the rheometer was equipped with a 
temperature cell enabling measurement in an accessible temperature range was 
between -70 and 250 °C. The low temperatures were achieved by a commercially 
available cooling system operated with liquid nitrogen. All measurements at elevated 
temperatures were performed under nitrogen to avoid degradation by oxidation. 
To obtain the oscillatory raw stress data the output channels of the rheometer 
were connected to a computer by three BNC cables where the torque, normal force 
and motor displacement are available as analog voltage. The analog raw data was 
converted into digital signals utilizing a 16-bit analog-digital converter (ADC) card 
(National Instruments) with a sampling rate of 100,000 s-1. The recorded time data 
were averaged using a home-written LabVIEW® software program116. With the 
special data processing (Over sampling), proposed by Dusschoten et al.117, the 
signal to noise ratio has been further improved by factor of approximately 10. The 
FT-Analysis is performed with a second home-written LabVIEW® software 






Fig. 42 Schematic representation of an experimental setup commonly used for LAOS experiments, containing a 
strain controlled rheometer with electronically data acquisition and analysis. 
 
It is worth noticing that recently the method of FT-Rheology had been implied into 
a commercially available rheometer the Ares G2 from TA-Instruments. This feature 
permits the online measurement of the non-linear stress response. Additionally, the 
time dependence of I3/1 can be by the ARES utilizing the NonLinear Monitoring 
integrated in the Orchestra® software of TA-Instruments. 
 
3.3. Rheo-Dielectric combination 
3.3.1. Recent developments / Literature review 
The Rheo-Dielectric setup permits the simultaneous detection of dielectric and 
mechanical properties of a substance. The broadband dielectric spectroscopy usually 
applied for Rheo-Dielectric studies, deals with the interaction of electromagnetic 
waves with matter in a typical frequency range between 10-3 and 106 Hz88.  
In this frequency range, the dielectric properties are related to collective dipolar 
fluctuations, polarization effects and charge transports88. Hence, Rheo-Dielectric 
measurements provide information on the relation between molecular relaxation 
dynamics and the corresponding mechanical response. In the following, a brief 
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overview of different recently in literature published Rheo-Dielectric combinations is 
provided. 
Adachi et al.118 introduced one of the first Rheo-Dielectric setups published in 
literature. The published setup consisted of a custom made coaxial cylinder-type 
rheometer equipped with an automatic capacitance bridge. Due to the lag of an 
adequate heating system this approach was limited to concentrated polymer 
solutions, polymers with glass transition temperatures Tg below room temperatures or 
emulsions and suspensions.  
Crawshaw et al.119 described a simple setup to measure the effect of shear on the 
electrical conductivity in pipe flow for conductive colloidal systems. Peng et al.120 
studied the influence of various processing conditions in the injection molding 
process of polymer melts using a specially designed plate mold geometry equipped 
with three-element sensor rosette. Both setups have the drawback to be 
inappropriate to perform LAOS experiments, as they are limited to steady shear flow 
experiments. 
A first approach to combine a commercially available rheometer with dielectric 
measurement techniques was reported by Sato et al.121. This Rheo-Dielectric 
combination was based on a modified rheometer (Autoviscometer L-III, Iwamoto 
Seisakusho, Kyoto) to induce a mercury contact point, which enabled Rheo-Dielectric 
measurements without mechanical disturbance of the electrical contacts121. However, 
the mercury contact had the disadvantage of limiting elevated experimental 
temperature to approximately 100 °C. Therefore, this setup is principally restricted to 
measurements of concentrated polymer solutions or polymer melts with a glass 
transition temperature below the accessible temperature range. Nevertheless, 
important publications on the field of polymer chain dynamics have been published 
within the group of H. Watanabe122-124, especially for 1,4-cis-polyisoprenes125-127.  
 
3.3.2. High sensitive Rheo-Dielectric combination 
For the Rheo-Dielectric experiments performed in this thesis a very sensitive 
setup was utilized and optimized. The setup described by Hyun et al.33 consists of a 
combination of an ARES (TA-Instruments) and a dielectric ALPHA-Analyzer 
(Novocontrol Technologies) (see Fig. 43). The ALPHA-Analyzer is able to measure 




impedance range (10−2 to 1014) and 15 orders of capacity range (10−15 to 1 F). These 
ranges exceed the capacitance bridges used in former Rheo-Dielectric 
measurements by several decades in each quantity. Furthermore the ALPHA-
Analyzer allows a tanδ, phase shift between input voltage and output current, 
resolution of ±3×10−5 to ±10−3, depending on the used capacity. The ceramic 
insulation (Marcor®) between the parallel plate and fixture is very brittle and has a 
low thermal expansion coefficient. Thus INVAR steel with an extremely low 
temperature coefficient of 1.3×10−6 K−1 (in comparison to 13×10-6 K-1 in conventional 
steel) is used as a new measuring plate and fixture. This is specifically helpful for 
measuring at various temperatures. The mechanical interface between the isolated 
parallel plate geometry and the fixture was optimized to reduce misalignments which 
may occur by the mechanical interface of the tool shank. The sample plates with 8, 
10, 13, and 25 mm in diameter are connected to the electronic wire with a bolt, and 
the other end of the wire is connected with a BNC connector. An enlarged schematic 
representation of the mechanical interface between the electrodes and the fixture is 
shown in Fig. 44. The technical drawings of the optimized geometries are shown in 
the appendix. To operate at elevated temperatures a special high temperature solder 
was used which is temperature stable up to 300°C. The BNC connector is installed 
outside of the oven. All parts of the electrode are located inside the oven. This allows 
temperature control and electronic noise shielding environment which is from major 






Fig. 43 Sketch of the Rheo-Dielectric setup used in this thesis. 
 
 
Fig. 44 Mechanical interface between the parallel plate electrodes and the fixture. The wires connect the 
electrodes with the Alpha analyzer and are attached to the electrodes with bolts. 
 
With this sensitive Rheo-Dielectric combination, high viscous materials such as 
polymer melts can be investigated in a temperature range between -70 °C to 250 °C. 
The connection of the cable to the parallel plate electrodes was designed to minimize 
mechanical disturbance thus large amplitude oscillatory shear experiments can be 
















3.4. In-situ Rheo-SAXS combination 
3.4.1. Recent developments / Literature review  
Small angle X-ray scattering (SAXS) is a method capable to reveal ordered 
structural information on a nanometer length scale between 1 and 500 nm. These are 
typical size dimensions in polymer and colloidal systems. Therefore, SAXS 
experiments were shown to be the method of choice for evaluating the mechanism 
and kinetics of the orientation process on a length scale corresponding to the 
molecular dimension and for also providing an average over the representative 
sample volume128. 
In recent years, much effort has been devoted to online monitoring of the 
influence of non-linear mechanical excitations on various phase separated 
systems129, 130. Different approaches and experimental setups were developed for in-
situ experiments utilizing a variety of shear cells. An example of this is the Couvette 
geometry131-133, which was used to generate macroscopic orientation in block 
copolymer solutions under defined mechanical conditions. While this setup has the 
advantage of investigating the alignment along two distinct trajectories, it is limited to 
polymer solutions. In addition, capillary134 and multipass135 rheometers used high 
shear rates to mimic the macroscopic alignment under processing conditions. 
Nevertheless, parallel plate (e.g. cone plate) geometries are preferred for 
examining the underlying kinetic pathway of the block copolymer melt orientation 
process as a function of shear frequency, strain amplitude, temperature and the 
duration of shear. The advantages of the here presented approach include precise 
dynamic mechanical measurements, simple sample preparation, ease of temperature 
control and the appropriate range of frequencies and strain amplitudes required for 
polymer melts having a glass transition temperature Tg above or below room 
temperature. A disadvantage of this approach is that the sample volume may 
become too large, resulting in an undesired abortion phenomena that may interfere 
with the scattering experiments. In recent years, there have been new developments 
using parallel plate geometries where precise rheological measurements and 
simultaneous characterization of mechanically induced structural changes via X-Ray 
scattering were obtained. With this approach, Polushkin et al.136, 137 and Garcia-
Gutierrez et al.138 were able to investigate two distinct directions, but could only 




the use of large amplitude oscillatory shear (LAOS). To overcome this drawback, a 
new and unique Rheo-SAXS combination was developed35 which is described in 
detail in the following. 
 
3.4.2. In-situ Rheo-SAXS combination 
In-situ Rheo-SAXS measurements were carried out at the beamline BW1 of the 
DORIS III storage ring at HASYLAB (DESY, Hamburg, Germany)35, at a wavelength 
of 0.1267 nm. In order to achieve a well defined mechanical excitation as well as 
precisely detecting the mechanical response, the beamline is equipped with a 
commercial stress controlled rheometer (Mars II, Thermo Scientific). We developed a 
custom made Vespel® comprised parallel plate geometry with a diameter of 36 mm 
containing thin windows of 0.3 mm thickness at 15.5 mm distance from the center of 
the plate (γlocal = 0.86*γ0), to minimize scattering and absorbance effects, which 
reduces beam intensity. To redirect the intrinsically horizontal synchrotron X-ray 
beam by 90°, a diamond (004) reflection is used. The rheometer is equipped with a 
custom made cylindrical heating cell, operating with nitrogen as an inert gas to avoid 
oxidative decomposition of the polymer melts. The accessible temperature range lies 
between room temperature and 250 °C, with an accuracy of 0.5 °C. The scattered 
intensities were recorded by a 2D detector (Pilatus 100k) which can be positioned at 
various distances between 30 cm and 2.50 m above the sample. The acquisition time 
necessary for each 2D-SAXS frame was down to 11 s (10 s exposure plus 1 s delay 
time for data storage and triggering).  
The Rheo-SAXS combination is an ideal method to characterize shear-induced 
structural changes on a mesoscopic length scale (1 nm to 100 nm) in-situ measuring 



















3.5. Experimental procedure 
3.5.1. Sample preparation 
The PS-b-PI synthesized by anionic polymerization (detailed description of the 
anionic synthesis is provided in section 9) were freeze-dried from a cyclohexene 
solution (10 wt. %) under high vacuum for 10 h. The obtained pure powder was hot 
pressed under vacuum at 140 °C into sample discs with diameters of 13, 25 mm 
respectively 36 mm and a thickness of approximately 1 mm. The pressure applied to 
the block copolymer melt was adjusted to 104 Pa. The obtained discs were used 
without any further annealing steps.  
 
3.5.2. Sample loading and experimental procedure  
The herein described sample loading and experimental procedure concerning the 
rheological part was carried out for all performed LAOS experiments. For the 
combined methods, respectively SAXS and dielectric measurements, additional 
measurement protocols were carried out which will be mentioned in the 
corresponding sections.  
The parallel plate geometries were tempered at the measurement temperature for 
1 h before zero fixture was performed. The sample disc was mounted between the 
plates and slightly squeezed until the whole geometry surface was covered with the 
polymer melt and tempered between 20 min (for Mw < 40,000 g/mol) and 45 min (Mw 
> 40,000 g/mol). 
For low molecular weight diblock copolymer melts with order-disorder transition 
temperatures below 250 °C, strain sweep tests were conducted to determine the 
mechanical linear and non-linear regimes. Afterwards, and prior to each orientation 
experiment, the low molecular weight block copolymer melts were heated 20 °C 
above the respective TODT, and then tempered for at least 20 minutes to remove all 
previous thermal and deformation history.  
The sample was then cooled to the desired measurement temperatures while 
constantly adjusting the gap to control for thermal shrinkage of the sample and the 
sample geometries. To avoid squeeze flow induced orientation, a normal force of 




At the measurement temperature, the samples were allowed to temper for 
another 20 minutes. Before and after each LAOS experiment, mechanical frequency 
sweeps in the linear regime were performed  
 
3.5.3. External SAXS measurements and sample preparation 
The ex-situ 2D-SAXS measurements (Hecus S3-Micro X-ray system) of the 
synthesized PS-b-PI were performed by using a point microfocus source, 2D-X-Ray 
mirrors and a two dimensional CCD-Detector from Photonic Science. In addition, a 
block collimator system was used to ensure low back ground scattering. With this 
system, the  vector that can be detected varies from 0.06 nm-1 to 4.7 nm-1. It is 
important to note, that with the use of a block collimator system only the half 2D-
SAXS pattern can be recorded (see Fig. 52). Nevertheless, as the 2D-SAXS patterns 
of the investigated symmetric diblock copolymers obey point symmetry, no relevant 
information is lost by this technique, but the background is reduced significantly, that 
no background correction have to be done. 
 
 
Fig. 46 2D-SAXS pattern of an macroscopic orientated symmetric block copolymer. a) Full 2D-SAXS pattern 
obtained by mirroring a 2D-SAXS pattern recorded with the Hecus S3-Micro X-ray b) half 2D-SAXS pattern as 
recorded with the block collimator system of the Hecus S3-Micro X-ray system). 
 
To follow the time evolution of the non-linear parameter, the LAOS experiments 
were stopped at specific times to examine ex-situ the state of orientation. The 
samples were rapidly cooled to room temperature (within 10 min) and the normal 























orientation was frozen by the glassy PS blocks (T ≈ 80 °C). At this point, the sample 
was removed from the shear geometries.  
For each state of orientation, the macroscopic orientation along each of the three 
major directions was determined at three points in the sample, i.e. at a radius of 2 
mm (position c), 4 mm (position b) and 5.5 mm (position a) (see Fig. 47). The 
investigation of these three different positions revealed the influence of the strain 
gradient caused by the parallel plate geometry on the macroscopic orientation.  
 
 
Fig. 47 Schematic sketch of the three points along the radial vector which were taken for ex-situ 2D-SAXS 
measurements. Position a) corresponds to r = 5.5 mm, b) to r = 4mm and c) to r = 2 mm.  
 
3.5.4. Analysis of the 2D-SAXS pattern 
The effect of LAOS to the microstructure of the self assembled diblock 
copolymers was probed by in-situ and ex-situ 2D-SAXS measurements. There are 
two different ways to average the obtained 2D-SAXS patterns and reduce the 
contained information to 1D-plots. This enables a better analysis of the shear 
induced structural changes (see Fig. 48): 
 Azimuthally averaging the 2D-SAXS patterns in a distinct upper and lower qr  
boundary along τ provides information on the orientation distribution of the unit 
normal of the lamellae orientated parallel to the investigated plane. To 
describe the time evolution of the orientation distribution during the shear-
induced alignment, the time dependence of the peak width of the azimuthally 
averaged first order reflection is followed by the standard deviation ζSAXS 
obtained by fitting the peak with a Gauss function. It is important to note that 





 The peak width of the radial averaged (along qr ) first order reflection in the 
2D-SAXS pattern contains information about the average diblock copolymer 
grain size. Due the complex experimental conditions for the Rheo-SAXS setup 
only relative changes could be considered. The relative changes of the radial 
averaged peak width are determined by normalizing ζq to the initial standard 
deviation ζq-max obtained from the undeformed sample. 
 
 
Fig. 48 Representation of the 2D-SAXS pattern evaluation. a) Azimuthally averaged first order reflection of the 
2D-SAXS patterns provides information on the orientation distribution of the lamella microstructure. b) Radial 
averaged first order reflection of the 2D-SAXS patterns contains information about the relative change of the 
diblock copolymer grain sizes. 
  









































3. Plot of ζSAXS vs time
3. Normilization to ζp-max
4. Plot of ζq/ζq-max vs time
a) Azimuthal averaging:
(Orientation distribution of the
lamellae grains)
b) Radial averaging:
(Changes in the grain sizes)
2*ζSAXS
2*ζq








4. Shear-induced orientation of PS-b-PI-13k-13k  
4.1. Literature review 
Certain types of soft matter, such as liquid crystals, amphiphiles and block 
copolymers, self assemble into nanostructured morphologies below their order-
disorder transition temperature (TODT) as a way to minimize highly unfavorable 
enthalpic contributions to the free energy. Self assembly usually leads to a 
polydomain structure with locally anisotropic ordered domains (grains) that are 
randomly orientated throughout the whole sample, resulting in a macroscopically 
isotropic material28, 139. However, many practical applications including functional 
membranes, anisotropically charged materials and photon conductors require that 
the final material is macroscopically anisotropic. 
Application of an external stimulus, such as an electric, magnetic or mechanical 
field, can then be used to obtain the preferred macroscopic alignment140-145. As an 
example of this, shear flow was shown to be a feasible method for macroscopically 
aligning symmetric block copolymers and liquid crystals, see references27, 146-151 and 
citations within.  
Therefore, it is important to understand the mechanism and kinetics of 
mechanically induced macroscopic orientation as a way to optimize this alignment 
and to tailor processing conditions for specific applications. This would result in, for 
example, new functional materials that could be used as templates for nano-particles 
in certain advanced applications76, 152, 153 as well as a way to improve non-equilibrium 
molecular dynamics simulations154-157. Furthermore, controlling the kinetic pathway of 
the macroscopic alignment by varying the mechanical shear field enables the 
exploitation of non-equilibrium or transient morphologies as first shown in a recent 
study35 on low molecular weight liquid crystals. Additionally, the processing 
conditions can be optimized with respect to time and the achieved orientation. 
For the macroscopic orientation of symmetric block copolymers, large amplitude 
oscillatory shear (LAOS) was shown to be the preferred method because it allows for 
different orientations of the unit normal of the lamellae30. In most studies, the 




ex-situ, making it difficult to study the kinetic processes involved in the alignment82, 84, 
85, 158.  
It is also important to note that ex-situ measurements are more difficult to analyze 
due to variations caused by sample preparation, loading, thermal history of the 
sample and possible distortion of the aligned structures caused by cooling, unloading 
and trimming. Furthermore, only a limited amount of kinetic data is then available. On 
the other hand, these ex-situ measurements provide information about structural 
properties along all three directions, which is not accessible by currently available in-
situ methods159. 
While birefringence is a powerful tool to follow the progress of orientation online87, 
160 enabling data processing on a microsecond scale, it unfortunately provides no 
direct information on nanometer length scale structural changes or molecular chain 
dynamics and requires ex-situ experiments to provide reliable morphological 
information. 
Nevertheless, there is a pressing need to develop in-situ measurement 
techniques with adequate time resolution that can correlate induced structural 
changes or molecular dynamics in the melt state with the mechanical response and 
that can also follow the kinetic pathway of the macroscopic orientation process under 
precise experimental conditions. Previous in-situ experiments published in the 
literature mainly focused on the influence of the applied shear flow on the 
hierarchically structured material, but did not associate these effects with the 
underlying mechanical response under non-linear flow. 
To overcome this drawback, a new and unique Rheo-SAXS combination was 
developed35. This setup (see Fig. 45) enables full rheological characterization of 
polymer melts while simultaneously probing mechanically induced structural changes 
on a nanometer length scale. In contrast to other experimental parallel plate setups 
where the primary x-ray beam is directed through the rheometer gap along the shear 
vector direction28, 137, 161, the primary synchrotron X-Ray beam is directed through the 
sample along the shear gradient (OZ axis) (see Fig. 52).  
Furthermore, the fluctuations of the end-to-end vector of the polyisoprene chains 
in the diblock copolymer melts were investigated by Rheo-Dielectric combination to 
reveal changes in the molecular dynamics during the alignment process. Several 
Dielectric studies were performed on block copolymers investigating the molecular 




obtained structural and molecular dynamics are correlated to each other with the aid 
of unique combined methods33-35. 
In the following, the shear-induced macroscopic orientation process of symmetric 
polystyrene-block-polyisoprene diblock copolymers will be discussed with respect to 
the mechanical nonlinear response and the underlying molecular dynamics and 
structural changes. Different experimental conditions will be provided which give rise 
to conclusions about the kinetic pathway of the orientation process depending on 
experimental parameters, such as frequency, temperature, strain amplitude, duration 
of shear and the molecular weight. Additionally, the discussion of the macroscopic 
orientation process is investigated by Rheo-Dielectric techniques. 
 
4.2. Linear mechanical characterization  
The investigated symmetric PS-b-PI-13k-13k (Mw = 26,500 g/mol, fPS = 51%, PDI 
= 1.04) was chosen as a model compound to investigate the kinetics of shear-
induced macroscopic perpendicular alignment. To achieve a macroscopic isotropic 
initial state, the sample was heated above the TODT before the LAOS experiments 
were performed.  
The master curve of the mechanical linear response of the storage (G‟) and loss 
(G‟‟) modulus as function of reduced frequency (aT*ω/2π) is presented for PS-b-PI-
13k-13k at a reference temperature of Tref = 150 °C (see Fig. 49). The cross over 
point between G‟ and G‟‟ in the low frequency region (ω1/2π ≈ 0.3 Hz) is a 
characteristic for self assembled block copolymer systems. In this frequency region 
the microstructure of the self assembled block copolymer dominates the linear 
mechanical response (zone A). The absence of a rubber plateau in the intermediate 
frequency regime indicates that the polymer chains are not entangled. Therefore, 
with increasing frequency the transition zone II (zone B) directly merge in the 
transition zone II (zone C) followed by a second junction point between G‟ and G‟‟ at 
approximately 3*105 Hz which indicates the glass transition. Beyond this critical 
frequency the polymer melt acts like an elastic solid (zone D).  
It is important to note that for homopolymers below their Tg the storage modulus 
G‟ is approximately G‟ ≈ 109 Pa. In contrast, in the glassy state the PS-b-PI diblock 
copolymers obeyed a significant lower value of the storage modulus (G‟ ≈ 107 Pa). 




response of the sample. The glass transition temperature of polyisoprene is 
approximately Tg(PI) ≈ -60 °C as determined via DSC measurements. Therefore, the 
PI block is still in the melt state although the PS chains are below their Tg of 
approximately 100 °C. 
 
 
Fig. 49 Master curve of PS-b-PI-13k-13k at Tref = 150 °C. The diblock copolymer shows no distinct rubber plateau 
which indicates that the polymer chains are not entangled.  
 
As already mentioned in section 2.3.3 there have been two approaches to define 
different region in which LAOS favors either the macroscopic parallel or the 
perpendicular orientation82. These regimes were deduced from the linear viscoelastic 
frequency depends of the symmetric diblock copolymer melts. In the group of J. A. 
Kornfield160 the critical frequency ωc/2π below which the ordered structure dominates 
the viscoelastic behavior of the material was chosen, to distinguish between a region 
with preferentially parallel (ω1/2π < ωc/2π) respectively perpendicular orientation 
(ω1/2π > ωc/2π).  
The critical frequency is determined as the junction points of the low frequency 
parts of the master curves of G‟ and G‟‟ measured above and below the TODT. For 
this reason, actually two critical frequency can be obtained, one for the interception of 
the G‟ data (ωc‟) and one from the interception of the G‟‟ data (ωc‟‟). In Fig. 50 the 
master curve for G‟‟ is shown for temperatures above and below TODT. For G‟ the 
problem arises that the measured curves could not be superimposed because the 
measured data showed strong fluctuations above TODT.  



























Fig. 50 The loss modulus G’’ versus reduced frequency at a reference temperature Tref = 150 °C for PS-b-PI-13k-
13k. The data for G’’ at T = 220 °C represent the disordered melt behavior. The junction point between both 
curves is referred to the critical frequency ω’’c/2π = 0.03 Hz.  
 
Nevertheless, Zahng et al.82 reported differences of a factor four between ωc‟ and 
ωc‟‟. Several different methods were suggested to derive the critical frequency82. One 
of them utilizes the deviation in the temperature dependence of the master curve of 
the absolute value of the complex viscosity lε*l. With this method two critical 
frequencies in the low frequency region (ωc) and in the high frequency region (ωd) can 
be determined. Fig. 51 shows the experimental determined master curve of lε*l as a 
function of the reduced frequency for PS-b-PI-13k-13k. From these findings the 
measurement frequencies were selected to assure shear-induced macroscopic 
perpendicular alignment during the LAOS experiments described in the following.  
 



























Fig. 51 Frequency dependence of lη*l for PS-b-PI-13k-13k at Tref = 150 °C. By a rough approximation two critical 
frequencies can be determined: ωc/2π ≈ 0.03 Hz and ωd/2π ≈ 15 Hz. 
 
4.3. Strain dependent alignment kinetic  
4.3.1. In-Situ Rheo-SAXS investigations 
a) In-situ SAXS investigation 
In this section the influence of strain amplitude is studied towards the kinetic 
pathway of the macroscopic perpendicular alignment. The measurement frequency 
and temperature were fixed to ω1/2π = 1 Hz and T = 150 °C. The studies were 
conducted to in-situ Rheo-SAXS studies with additional ex-situ rheological and 2D-
SAXS analysis. These techniques revealed a full characterization of the orientation 
distribution of the locally anisotropic ordered lamellae domains (grains) and helped to 
quantify the non-linear mechanical response caused by the shear-induced structural 
changes.  
Different alignment kinetics were obtained depending on the applied strain 
amplitudes and duration of shear following a scaling law. Furthermore, an anomalous 
de-ordering of well aligned macroscopic perpendicular orientation was detected and 
characterized for strain amplitudes γ0 > 1 being solely a function of the shear 
duration.  
In-situ synchrotron X-ray investigations were performed to clarify the time 
dependent orientation evolution at varying strain amplitudes γ0 for the macroscopic 
alignment process of the lamella microstructure using a 10 s time resolution for each 
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2D-SAXS frame. The schematic measurement setup is shown in Fig. 52. 
Additionally, SAXS images of the orientation distribution of the diblock copolymer 
microstructures in the melt state were recorded for the initial respectively final states. 
 
 
Fig. 52. Schematic representation of the Rheo-SAXS setup used in this work where a Pilatus 100k was used as a 2D-
Detector.The Cartesian coordinate OXYZ is defined for a cubic sample volume similar to sliding plat geometries such that the 
vertically reflected X-ray beam is parallel to the OZ axis. Oscillatory shear is applied by the lower sample plate which is where 
the transducer is located. The upper sample plate remains fixed during the experiments.  
 
The mechanical excitation frequency was fixed at 1 Hz for all measurements, 
meaning that every 2D-SAXS image averaged only 10 mechanical oscillation. 
According to the sample loading procedure described in the Experimental Methods 
(see section 3.5.2), the following isothermal (T = 150 °C) strain amplitudes of γ0 = 
0.5, γ0 = 1, γ0 = 2 and γ0 = 3 were analyzed at a constant mechanical excitation 
frequency of 1 Hz.  
The applied experimental conditions are summarized in Fig. 53 together with 
representative 2D-SAXS patterns for undeformed PS-b-PI and for the final state of 
orientation after LAOS experiments are shown (see Fig. 53). The initial, unaligned 



















Illustration of the possible macroscopic orientations




isotropic morphologies. However, after 1 hour of LAOS, the appearance of 
anisotropic SAXS patterns with pronounced reflections at 90° and 270° indicated a 
macroscopic perpendicular alignment of the lamellae. The azimuthally averaged 
SAXS patterns are displayed beneath each 2D-image where these images show a 
slight anisotropy in the scattering pattern even for the undeformed samples. These 
small amounts of pre-orientation are due to slight squeeze flow alignments, which 
could not be avoided even by restricting the normal force to values below 0.05 N (~ 
50 Pa) and adjusting the measurement gap. As this pre-orientation is very weak 
compared to the strong reflections caused by the mechanical excitation, it was 
assumed that the effect of these pre-alignments did not dominate the experimental 
results of the shear orientation kinetic.  
 
 
Fig. 53 Summary of the applied experimental conditions, including 2D-SAXS images and azimuthally averaged 
1D-plots representing the orientation of the sample before and after shear was imposed. The peak width of the 
azimuthally averaged reflections at 90° and 270° were taken to monitor the alignment process during LAOS. 
 
 
A representative contour plot (γ0 = 0.5) of all 354 azimuthally averaged 2D-SAXS 
patterns recorded during the macroscopic orientation (texperiment = 3600 s) of the PS-b-
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PI is shown in Fig. 54. From this representation of the data, the development of 
scattered reflections in an interval corresponding to a minimum scattered wave vector 
of qr  = 0.25 nm-1 and an upper boundary of qr  = 0.35 nm-1 is clearly seen. It is 
interesting to note that during the entire mechanical excitation only the scattered 
reflections at 90° and 270° appeared, which indicate the development of a 
macroscopic perpendicular orientation with the unit normal of the lamellae 
preferentially orientated along the OX axis. In addition, there were no detectable 
scattered reflections at 180° and 360° corresponding to the transverse direction.  
 
 
Fig. 54 Contour plot of the azimuthally averaged 2D-SAXS patterns recorded during the macroscopic orientation 
of PS-b-PI under large amplitude oscillatory shear (LAOS: ω1/2π = 1 Hz, γ0 = 0.5, T = 150 °C). 
 
These results were the first obtained for block copolymer melts using our newly 
developed prototype Rheo-SAXS combination located at the storage ring DORIS III. 
At this stage of development, it was not possible to precisely determine the primary 
beam intensity throughout the experiment. However, selective measurements of the 
primary beam intensity were performed before and after each dynamic shear 
experiment. These measurements do not, reveal primary beam intensity fluctuations, 
which may also occur during the in-situ experiments, e.g. due to fluctuations in the 
beam-orbit.  
Therefore, at this stage, the evolution of the azimuthally averaged peak width was 
taken as a measure for the kinetics of the alignment process. As it showed a stronger 
variation (by a factor of 3) between its initial and final values during the macroscopic 
























alignment process, the τ-dependence of the peak width was chosen for study instead 
of the radial averaged (ζ-dependence) peak width.  
By fitting the scattering reflections centered around 90° in the 2D-SAXS images 
for all measurement times with a Gaussian function, the standard deviation ζSAXS was 
calculated and used to quantify the shear induced changes for the orientation 
distribution of the lamellae with unit normal parallel to the (OX, OY) plane.  
For all four strain amplitudes used in this study, a drastic decrease in the peak 
width occurred in the first 100 to 250 seconds of the experiment (see Fig. 55). The 
starting values for the standard deviation vary between ζSAXS = 19° for the two lowest 
strain amplitudes (γ0 = 0.5 and γ0 = 1), ζSAXS = 15° for γ0 = 2 and ζSAXS = 12° for γ0 = 
3. For γ0 = 0.5 and γ0 = 1, the orientation process occurred throughout the whole 
mechanical excitation, but reached a plateau after 2000 s and 1300 s, respectively. 
There was only a slight deviation from the plateau value of ζSAXS = 10.5° to ζSAXS = 
10.7° for γ0 = 1 after 2000 s, while for γ0 = 0.5, there was no observable deviation 
from the plateau value with time. The appearance of a plateau indicated that a stable 







Fig. 55 Time dependence of the standard deviation ζSAXS calculated by fitting the scattered reflections at 90° (2D-
SAXS images) with a Gaussian function. The dotted lines represent the stretched exponential fit (see text). The 
insets represent the azimuthally averaged first order scattered reflections at characteristic times during the 
mechanical excitation. a) γ0 = 0.5, b) γ0 = 1, c) γ0 = 2, d) γ0 = 3. 
 
The two higher strain amplitudes (γ0 = 2 and γ0 = 3) exhibited similar behavior in 
the beginning of the experiment, i.e. showed a rapid decrease in ζSAXS, but, instead 
of reaching a plateau, formed a minimum after t = 240 s (γ0 = 2) and t = 100 s (γ0 = 
3). This behavior was in stark contrast to the LAOS experiments at lower strain 
amplitudes (γ0 ≤ 1) and indicated that this state of macroscopic orientation was not 
stable under continuing mechanical stimulus. For both of these strain amplitudes (γ0 
≥ 1), the peak width began to increase from its minimum value of ζSAXS = 9° (γ0 = 2) 
and ζSAXS = 8.2° (γ0 = 3) at t = 350 s and t = 150 s, respectively. The insets in Fig. 55 
display the broadening of the scattering reflections, after reaching the minimum, at 
characteristic time intervals. For a strain amplitude of γ0 = 3, ζSAXS developed 
exponentially towards a stable value of ζSAXS = 9.8° approximately 1000 s after 
passing through the minimum, while for γ0 = 2, an overshoot was detected instead. 
The de-orientation process for γ0 = 2 began with a rapid increase in ζSAXS in the 
first 300 s after the minimum was reached, followed by a pseudo plateau with ζSAXS ≈ 
12°. This state of reduced orientation was not stable and the block copolymer 
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lamellae began to re-orientate after 1700 s as the LAOS experiment continued. As a 
consequence, ζSAXS decreased over the observed experimental time until a final 
value of ζSAXS ≈ 10° was reached.  
These first results obtained from the in-situ Rheo-SAXS measurements indicate 
that, for higher strain amplitudes (γ0 > 1), the quality of the macroscopic orientation is 
a complex process, the state and degree of orientation is strongly affected by the 
duration of the applied mechanical field. 
 
b) In-situ mechanical quantities (G’, G’’)  
As the goal of this study was to compare structural dynamics caused by the 
applied mechanical excitation with the viscoelastic response of the polymer melt, the 
mechanical response of the block copolymer melt was analyzed in terms of the 
mechanical loss modulus G‟‟ and a quantitative measure of the mechanical non-
linearities via the parameter I3/1. This non-linear parameter could only be determined 
accurately ex-situ, utilizing a special experimental setup31 that included a strain 
controlled rheometer for the evaluation of the stress-strain raw data (see section 
3.2.2). For all rheological measurements, a data point was collected every 10 s to 
ensure a similar time resolution to the 2D-SAXS data. 
Fig. 56 and Fig. 57 present the data from the in-situ rheological measurements 
under LAOS conditions. Fig. 56 displays the time behavior of the mechanical storage 
modulus G‟ and loss modulus G‟‟ for γ0 = 0.5 at T = 150 °C and ω1/2π = 1. At the 
chosen experimental conditions, the in-situ measured mechanical viscoelastic 
behavior in the non-linear regime was dominated by the viscous (G‟‟) rather than the 
elastic (G‟) modulus (tanδ = 3 - 4). This ratio increased at the end of the LAOS 
experiment where approximately tanδ = 7. Due to the dominance of the mechanical 






Fig. 56 Time dependence of the mechanical viscoelastic properties G‘ (open triangle) and G‘‘ (squares) under 
LAOS (ω1/2π = 1Hz, γ0 = 0.5, T = 150 °C). As the loss modulus G’’ dominates the mechanical response under the 
applied conditions, it was chosen to online monitor the alignment process. 
 
Fig. 57a-d shows the in-situ measured mechanical loss modulus G‟‟ for all applied 
strain amplitudes. It can be seen that G‟‟ shifted to lower values with increasing strain 
amplitude, indicating that shear thinning occurred as the macroscopic orientation 
developed. All measurements exhibited a stretched exponential time dependence, 
leading to a plateau after 3000 s (γ0 = 0.5), 1000 s (γ0 = 1), 400 s (γ0 = 2) and 250 s 
(γ0 = 3). The plateau value for G‟‟ was strain dependent and varied between 320 Pa 
and 128 Pa for γ0 = 0.5 and γ0 = 3, respectively.  
 
0 1000 2000 3000 4000
50
100
150  G' ( 0 = 0.5)

















Fig. 57 Time dependence of the in-situ measured mechanical loss modulus G´´ at a) γ0 = 05, b) γ0 = 1, c) γ0 = 2 
and d) γ0 = 3, with fitted stretched exponential functions (dotted lines). Insets represent the enlargement of the 
pseudo plateau region. The loss modulus G’’ shows an astonishing similarity to the in-situ detected macroscopic 
orientation (see Fig. 55). 
 
From the insets in Fig. 57c and Fig. 57d it can be seen that, for the two highest 
strain amplitudes, the in-situ measured G‟‟ values were not constant after the plateau 
was reached, but showed an increase after 600 s for γ0 = 2 and after 500 s for γ0 = 3. 
Interestingly, for all applied strain amplitudes, the time dependence of G‟‟ was quite 
similar to the time progression of ζSAXS, as measured by in-situ 2D-SAXS. This is 
especially interesting since G‟‟ is a macroscopic linear mechanical parameter and 
ζSAXS a much more local orientation parameter. While the two lowest strain 
amplitudes exhibited the same general trends for G‟‟ as for ζSAXS, the time elapsed 
until the plateau value was reached was significantly longer for the in-situ mechanical 
response G‟‟.  
For γ0 = 2 and γ0 = 3, G‟‟ showed the same deviation from a stretched 
exponentially decreasing curve as seen in the in-situ 2D-SAXS experiments. This 
effect was only visible in the time progression of the G‟‟ data, while the G‟ data, which 
are not shown here, obeyed a simple stretched exponential decay. For a strain 
amplitude of γ0 = 2, G‟‟ increased from its plateau value of 214 Pa to 225 Pa. This 
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value then stayed nearly constant over a period of 600 s after which it decreased 
again to its final value of 218 Pa. However, the highest strain amplitude (γ0 = 3) 
caused an increase in G‟‟ from 128 Pa to its final value of 134 Pa over a time period 
of 1000 s. From this data, it was clear that the major difference between the time 
dependence of the dynamic mechanical loss modulus and the time dependence of 
the structural changes as quantified by ζSAXS could be mainly attributed to differences 
in the observed time scale. For example, the in-situ determined peak width increased 
after 200 s for γ0 = 2 and after 350 s for γ0 = 3, which is around a factor 2 faster than 
the increase observed in the in-situ mechanical measurements. Except for this time 
shift, the G‟‟ curves showed astonishing similarities to the development of the 
macroscopic structure as followed by 2D-SAXS. It can also be seen that a de-
orientation of the orientated microstructure caused the mechanical loss modulus to 
increase slightly (~ 4%) during LAOS.  
The linear dynamic mechanical response measured for both the un-deformed 
macroscopically isotropic and for the perpendicularly aligned block copolymer melt 
(γ0 = 0.5) at 150 °C using a small dynamic strain amplitude of 0.02 is shown in the 




Fig. 58 Linear dynamic mechanical response at 150 °C obtained for a strain amplitude of 0.02 before (filled 























The data for the LAOS experiments at higher strain amplitudes were not included 
here as they showed similar behavior and, thus, did not seem to depend on the 
applied strain amplitude. For the small amplitude oscillatory shear (SAOS) 
experiment, a clear crossover point (tanδ = 1) at ω/2π = 0.2 Hz was visible for the 
randomly orientated sample. This crossover indicated that a transition between the 
mechanical response being dominated by the microstructure and the so called 
transition zone II occurred, which is similar to the flow behavior of linear 
homopolymer melts82.  
The slopes of both G‟ and G‟‟ in the low frequency region of the un-deformed 
sample were approximately equal to 0.5. This value is typical for lamellar self-
assembled block copolymers86, 161, 164. For the oriented sample, the slope of G‟‟ 
increased to about 0.8 and the crossover point did not appear within the investigated 
frequency region. Furthermore, the values for the storage and loss modulii in the low 
frequency region were reduced by a factor of 10 (G‟) and 3 (G‟‟). This reduction in the 
modulii for the orientated samples was verified for all achieved perpendicular 
alignments and was consistent with the results published in ref.160.  
From a mechanical point of view, it can be said that the shear induced 
transformation of a diblock copolymer melt with initially randomly orientated lamellar 
microdomains into an anisotropically perpendicular aligned melt led to a reduction of 
the linear dynamic mechanical modulii (G‟ and G‟‟) with respect to the un-orientated 
macroscopic isotropic sample. 
 
4.3.2. Online FT-Rheology investigations 
The rheological and 2D-SAXS measurements were performed to confirm the in-
situ measurements and to obtain detailed information about the macroscopic 
orientation of the self-assembled microdomains along the three spatial directions 
(OX, OY and OZ). Furthermore, the development of the macroscopic structure is 
correlated to the non-linear mechanical response. Therefore, a strain controlled 
rheometer was used to calculate the relative intensities of the higher harmonics In/1 








a) G’’ determined with the strain controlled ARES rheometer 
The observed time evolutions of the mechanical loss modulus G‟‟ during LAOS 
are represented for γ0 = 0.5, 1, 2 and 3 in Fig. 59. 
 
 
Fig. 59 Time dependence of the dynamic mechanical loss modulus G‘‘ under LAOS measured with the strain 
controlled ARES rheometer for a) γ0 = 0.5 (inset), b) γ0 = 1, c) γ0 = 2 and d) γ0 =3. Dotted lines represent the 
stretched exponential Fit. 
 
For the LAOS experiments with γ0 = 0.5 and γ0 = 1, G‟‟ decreased monotonically. 
The former exhibited a rapid decrease in the first 500 s from its initial value of 
approximately 630 Pa to 500 Pa, followed by a less rapid decay persisting throughout 
the whole shear experiment, while for γ0 = 1, a nearly constant value of 300 Pa was 
reached after 2500 s. With increasing strain amplitude, the time scale of the rapid 
drop at the start of the LAOS experiments was accelerated.  
Moreover, for the two highest strain amplitudes (γ0 = 2 and γ0 = 3), the time 
evolution of G‟‟ showed a more complex behavior that deviated from a stretched 
exponential decay. After a steep decrease of about 180 Pa and 120 Pa in the first 
250 s and 100 s of the experiment for γ0 = 2 and γ0 = 3, respectively, a preliminary 
minimum was reached. For γ0 = 2, this pseudo stable state stayed constant until a 
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less pronounced decrease from 280 Pa to 225 Pa was observed after 1800 s. Similar 
behavior was also seen for γ0 = 3, with the difference that after the initial rapid drop, 
an overshoot between 150 s and 350 s then occurred. During this overshoot, G‟‟ 
increased by approximately 50 Pa in 200 s. This elevated value stayed constant for 
200 s, after which it decreased over a time interval of approximately 4000 s.  
By comparing the time progression of G‟‟ obtained from the stress controlled (see 
Fig. 57) and the strain controlled rheometer (see Fig. 59) it was clearly seen that, for 
the higher applied strain amplitudes γ0 > 1, the G‟‟(t) values have different trends in 
their time progression during LAOS. One of the major differences between the data 
sets is the fact that G‟‟ was increasing (stress controlled) and not decreasing (strain 
controlled) in addition to the observed overshoot for γ0 = 3 (strain controlled). This 
could not be explained reasonable within our experiments. Therefore, for the further 
discussion of the non-linear mechanical response the non-linear parameter I3/1 is 
used. 
 
b) Non-linear response investigated by FT-Rheology 
Shear-induced macroscopic alignment of the lamella self-assembled block 
copolymer microstructure was achieved by large amplitude oscillatory shear (LAOS). 
Consequently, the measured mechanical response to large deformations fell within 
the non-linear regime and consisted of the odd higher harmonics of the applied 
mechanical excitation frequency ω1 (ω1/2π = 1 Hz). By examining the mechanical raw 
data using the ideas developed in FT-Rheology31, 165, 166, it was possible to analyze 
the resulting signal with respect to both the phase and to the higher harmonics that 
built up the signal.  
Fig. 60 represents two calculated FT-spectra for γ0 = 3 ( T = 150 °C, ω1/2π = 1 Hz) 
at the beginning (t = 60s, Fig. 60a) and the end (t = 4800 s, Fig. 60b) of the LAOS 
experiment. The frequency range of the spectra is limited to 10 Hz, as for higher 





Fig. 60 FT-spectrum of the time dependent torque calculated from the mechanical raw data after 60 s (a) and 
4800 s (b) for PS-b-PI-13k-13k (ω1/2π = 1 Hz, γ0 = 3 and T = 150 °C). All peaks are normalized to the fundamental 
peak at ω1/2π = 1 Hz.  
 
The time dependence of the magnitudes of the relative intensities of the higher 
harmonics In/1 (1 < n < 10) for the LAOS experiment with strain amplitude γ0 = 3 is 
shown in Fig. 61.  
For the odd higher harmonics it can be seen that the magnitude of In/1 decreases 
drastically in the row I3/1 > I5/1 > I7/1 > I9/1. As the intensities of I7/1 and I9/1 are less than 
1% it is questionable to use these quantities for the discussion of the mechanical 
non-linear response during the orientation process.  
Nevertheless, for all relative intensities of the odd higher harmonics a decrease in 
the first 250 s is observed followed by a nearly constant value of In/1. After 
approximately 1400 s the value begins to increase again leading into a plateau after 
approximately 3000 s.  
The time progression of the non-linear response showed similarities to the time 
progression of the azimuthally averaged peak width ζSAXS(t) of the first order 
reflection detected by the in-situ SAXS measurements for γ0 = 3, such as the 
increase from the reached minimum value as LAOS proceeded (compare Fig. 55d). 
This indicates a relation between the structural development and the non-linear 
mechanical response during LAOS.  




















































Fig. 61 Time dependence of the relative intensities of the detectable higher harmonics In/1 for PS-b-PI-14k-14k 
under LAOS (ω/2π = 1 Hz, γ0 = 3, T = 150 °C) 
 
As discussed in section 2.2.2 even harmonics are not expected for an ideal 
mechanical response to LAOS. However, even harmonics can be reproducible 
observed in the calculated FT-spectra104. Different approaches have been suggested 
to explain their appearance. Wall slip has been expected to be one of the main 
reasons for the appearance of even higher harmonics167. Wilhelm et al.32 suggested 
a time dependent memory effect or a non-linear mechanical contribution in the 
sample. In contrast, Sagis et al.72 proposed an approach which relates the 
appearance of even higher harmonics with anisotropic microstructures incorporated 
in the sample such as ridged particles in an elastic matrix. It is important to notice, 
that the appearance of even higher harmonics is still a topic of scientific interests and 
far away of being fully understood.  
However, during the herein investigated alignment process even higher 
harmonics appeared (see Fig. 60). The time evolution of the second higher harmonic 
I2/1 (open stars) for γ0 = 3 is shown in Fig. 61. In contrast to the time dependence of 
the odd higher harmonics discussed above a pronounced overshoot in the first 
1000 s of the experiment is detected for I2/1, which leads into a nearly constant 
plateau with I2/1 being approximately 0.002. However, the value for I2/1 was very small 























throughout all LAOS experiments performed in this thesis. Therefore, a detailed 
examination of the underlying effect of the appearance of even higher harmonics was 
neglected. 
Before the time evolution of the phase difference of Φ3 is discussed it has to be 
mentioned that according to literature168, 169, phase differences of Φ3 = 0° respectively 
Φ3 = 360° indicate shear hardening while phase differences Φ3 ≈ 180° indicate shear 
thinning behavior. The contributions from the higher harmonics are neglected in this 
discussion as they dependent on the magnitude of the relative intensities of the 
higher harmonics which are orders of magnitudes less than the one for I3/1 (see Fig. 
61). Therefore, the phase difference of Φ3 is expected to dominate the stress 
response.  
From Fig. 62 it can be seen that in the beginning of the experiment Φ3 is 
approaching close to the values which correspond to shear thickening behavior after 
approximately 250 s. This time corresponds to the time at which I3/1 reaches the 
minimum. After Φ3 reached a maximum value of approximately 350° a rapid drop 
occurred within 100 s which leads into a plateau value of approximately 150°. Except 
the stark overshoot the shear-induced orientation of the PS-b-PI-13k-13k diblock 
copolymer showed shear thinning behavior. 
 
 
Fig. 62 Time dependence of the phase difference Φ3. For Φ3 = 0° respectively Φ3 = 360° shear thickening is 
expected while for 0° < Φ3 < 360° shear thinning occurs. 
 













c) Investigation of the alignment kinetics utilizing the non-linear parameter I3/1 
As the relative intensity of the third harmonic I3/1 was the dominant signal in the 
calculated FT-Spectra (see Fig. 61), the time evolution of the intensity of I3/1(t) was 
used to follow the non-linear response and guide the ex-situ SAXS measurements. 
Previous investigations of I3/1(t)
70, 116, 170, with respect to the mechanical excitation of 
block copolymers159, 168, have shown that it is reasonable to utilize this quantity for 
monitoring and assessing the macroscopic orientation process.  
Fig. 63 shows the time dependence of the relative intensities of the non-linear 
parameter I3/1(t) for strain amplitudes between γ0 = 0.5 and γ0 = 3. For all strain 
amplitudes, the non-linear parameter showed first a rapid stretched exponential 
decay in the beginning of the experiment where the magnitude and the decay 
constant increased with γ0. At the two lowest strain amplitudes (γ0 = 0.5, γ0 = 1), G‟‟ 
(compare Fig. 59) and I3/1 exhibit similar behavior in that there was a rapid decrease 
of G‟‟ and I3/1 in the first 1000 s followed by a slower decay, which finally leveled off 
into a plateau value of I3/1 = 0.02 and I3/1 = 0.16 and G‟‟ = 350 Pa and G‟‟ = 300 Pa 
respectively.  
For the two largest strain amplitudes (γ0 = 2 and γ0 = 3), the time dependence of 
I3/1 differed from the stretched exponential trend, which is expressed by significant 
increase from the reached plateau value (see insets in Fig. 63). However, for γ0 = 2 
the increase of I3/1 began after 1900 s and proceeded over 2900 s until it reached a 
final stable value of I3/1 ≈ 0.028 at t = 4800 s. For the highest strain amplitude γ0 = 3 
the time elapsed until I3/1 deviated from the minimum was approximately 900 s. After 






Fig. 63 Time dependence of the relative intensities of the non-linear parameter I3/1 measured for a) γ0 = 0.5, b) γ0 
= 1, c) γ0 = 2 and d) γ0 = 3. The dotted lines represent the stretched exponential fit (see text). Insets display an 
enlargement of the region were the de-ordering of the perpendicular alignment occurs as detected by the 
mechanical response. 
 
It can be seen that the critical time tc of shear duration at which the non-linear 
parameter begins to increase dependence strongly on the applied strain amplitude. 
To illustrate this phenomenon the time dependence of the two elevated strain 
amplitudes is shown in one plot (see Fig. 64). Interestingly, for both strain amplitudes 
(γ0 = 2 and γ0 = 2) the reached plateau value of I3/1 after the increase is nearly equal. 
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Fig. 64 Time dependence of I3/1 for strain amplitudes γ0 = 2 (dotted lines) and γ0 = 3. The de-orientation also 
detected by an increase of I3/1 after reaching the minimum value. For higher strain amplitudes the onset of the de-
ordering occurs earlier. 
 
4.3.3. Ex-situ 2D-SAXS investigations  
To follow the progress of macroscopic orientation during the ex-situ LAOS 
experiments, the non-linear parameter I3/1 was selected as a trajectory. To examine 
the structure present at a specific time, the samples were removed from the shear 
geometries without subjecting them to any further shear. The degree of alignment for 
the mechanically induced anisotropic orientation distribution of the lamellae 
microdomains was analyzed at three different positions along the radial vector of the 
sample discs, as described in Experimental Methods (see 3.5.3). For each applied 
strain amplitude, at least three different states of alignment were characterized by 
2D-SAXS along the radial (OY, OZ) plane, the normal (OX, OY) plane and the 
tangential (OX, OZ) plane as described in the literature159. The experimental 
determined final structures for all strain dependent LAOS experiments with γ0 = 0.5, 
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Tab. 3 Summary of the ex-situ determined final state of macroscopic orientation for all four applied strain 
amplitudes at T = 150 °C and ω1/2π = 1 Hz. The crosses indicate the type of macroscopic orientation observed 
while two crosses at a given strain amplitude indicate a biaxial orientation. 
 
To explore the de-ordering process for γ0 > 0.5, as first detected with in-situ 2D-
SAXS measurements, mainly the data for the structural development at γ0 = 3 were 
presented here because the dynamic mechanical parameters (G‟‟ and I3/1) showed 
the largest deviations from a monotonic decrease under these conditions. The times 
after which the LAOS measurements were stopped and the samples were taken for 
further ex-situ 2D-SAXS characterization are shown by arrows in Fig. 65. 
Additionally, to illustrate the reproducibility of the ex-situ mechanical measurements, 
the time evolution for G‟‟ and I3/1 for γ0 = 3 is represented with error bars. The error 
bars were determined from four different measurements. It can be seen that for all 
dynamic mechanical measurements performed ex-situ, the statistical error was below 







Fig. 65 G‘‘(t) (filled squares) and I3/1(t) (open stars). G’’(t) was shifted by 50 s to avoid an overlay of the data 
points. The arrows indicate the specific points that were chosen for ex-situ probing of the macroscopic structure. 
The error bars shown up to 2000 s were calculated from four measurements. 
 
Apart from the initial state (t = 0), which featured the ringlike structure in all three 
directions expected for the isotropic initial state of the sample, an anisotropic 
orientation distribution was seen at all eight different pre-shear times (see Fig. 66) 
analyzed by ex-situ 2D-SAXS measurements. 
 
 
Fig. 66 2D-SAXS patterns at the initial state t0 = 0 s along the normal (OX, OY) plane, radial (OY, OZ) plane and 
the tangential (OX, OZ) plane at the edge of the sample disc corresponding to position a) at r = 5.5 mm. 
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After 50 s, which corresponded to the regime in which G‟‟ and I3/1 experienced a 
rapid drop, a complex texture in the microstructure (see Fig. 67) was obtained for γ0 
> 1. At positions close to the edge of the sample geometries, the unit normal of the 
lamellae were orientated perpendicular (peak in the (OX, OY) plane), parallel 
(smaller reflection in the (OY, OZ) plane) and all orientations in between (ringlike 
pattern in the (OX, OZ) plane). This finding is consistent with the results reported by 
Chen et. al.84. 
 
 
Fig. 67 2D-SAXS patterns for γ0 = 3 after t1 = 50 s along the normal (OX, OY) plane, radial (OY, OZ) plane and 
the tangential (OX, OZ) plane at three different positions with respect to the center of the sample disc: a) r = 5.5 
mm, b) r = 4 mm and c) r = 2 mm. The ex-situ measured patterns indicate that the alignment of the block 
copolymer grains occurs in the beginning over a reduction of unfavorable transverse aligned lamellae. 
 
After moving closer to the center of the sample geometry, the orientation 
distribution with its perpendicular and parallel projections decreased as the peaks in 
the (OX, OY) and (OY, OZ) planes broadened and decreased in intensity. This 
behavior is consistent with the experiments at lower strain amplitudes where the 
different positions along the radial vector for parallel plate geometries corresponded 
to lower strain amplitudes. Fig. 68 represents the ex-situ determined 2D-scattering 




can be seen that as γ0 varies from 2 to 0.5, it was found that the development of the 
peaks became less pronounced and broader. 
 
 
Fig. 68 2D-SAXS patterns after t1 = 50 s for a) γ0 = 2, b) γ0 = 1 and c) γ0 = 0.5 along the normal (OX, OY) plane, 
radial (OY, OZ) plane and the tangential (OX, OZ) plane at the outer positions of the sample disc (r = 5.5 mm).  
 
As the mechanical excitation persisted, the degree of perpendicular alignment 
was significantly enhanced as indicated by the increased intensity and narrowed 
scattered peak in the (OX, OY) plane for γ0 = 3 (see Fig. 69). This behavior was also 














Fig. 69 2D-SAXS patterns for γ0 = 3 after t2 = 130 s along the normal (OX, OY) plane, radial (OY, OZ) plane and 
the tangential (OX, OZ) plane at the position a (r = 5.5 cm). 
 
The scattering patterns for each state of orientation measured at different 
positions between the center and the edge of the sample disc (corresponding to 
different γ0) clarified that the macroscopic alignment improved closer to the center of 
the parallel plates. At the onset of the plateau at t3 = 300 s (γ0 = 3), the orientation 
distribution was dominated by the perpendicular alignment (see Fig. 70) and only at 
a position near the edge of the parallel plate geometries (r = 5.5 mm) was there a 
small amount of parallel orientation ((OY, OZ)-plane) that could still be detected. 
Further investigation at t4 = 700 s, indicated that the plateau region of the dynamic 
mechanical parameter I3/1 corresponded to a stable state of macroscopic orientation 











Fig. 70 2D-SAXS patterns for γ0 = 3 after t3 = 300 s along the normal (OX, OY) plane, radial (OY, OZ) plane and 
the tangential (OX, OZ) plane at three different positions with respect to the center of the sample disc: a) r = 
5.5 mm, b) r = 4 mm and c) r = 2 mm. The ex-situ measured patterns indicate that at the plateau of I3/1(t) a nearly 
perfect aligned macroscopic perpendicular alignment is achieved. 
 
For all other strain amplitudes, it was also found that at the minimum of I3/1, the 
orientation distribution of the lamellae microstructures showed an overall 
perpendicular orientation (reflections in the (OX, OY)-plane). Fig. 71 represents the 
ex-situ determined azimuthally averaged peak width quantified by ζMin-SAXS obtained 
for the four different strain amplitudes in the minimum region of I3/1. Form the ex-situ 
2D-SAXS measurements it can be seen that with increasing strain amplitude the 















Fig. 71 Azimuthally averaged peak width of the first order reflection quantified by ζMin-SAXS at specific times at 
which I3/1(t) has reached the minimum for γ0 = 0.5, γ0 = 1, γ0 = 2 and γ0 = 3 (ω1/2π = 1Hz, T = 150 °C). 
 
As the value of I3/1 began to rise (only observed for γ0 > 1 at T = 150 °C and ω1/2π 
= 1Hz), the scattering patterns at t5 = 1600 s indicated that the well ordered 
macroscopic perpendicular alignment obtained in the plateau region of I3/1 became 
less ordered and showed a significant increase in the number of microdomains 
preferentially orientated in the parallel direction (see Fig. 72). It can be seen that the 
extent of this orientation decreased travelling from the outer edge to the center of the 
geometries (as γ0 also decreases in the parallel geometries), while the perpendicular 
projection was the dominant orientation near the middle of the sample plates, which 
was a similar situation compared to the minimum of I3/1.  
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Fig. 72 2D-SAXS patterns for γ0 = 3 after t5 = 1600 s along the normal (OX, OY) plane, radial (OY, OZ) plane and 
the tangential (OX, OZ) plane at three different positions with respect to the center of the sample disc: a) r = 5.5 
mm, b) r = 4 mm and c) r = 2 mm. The de-orientation process is indicated by the beginning development of a 
biaxial orientation with the unit normal of the lamellae being preferentially directed along the OX and OZ axis. 
 
The de-ordering process was only detected for γ0 > 1, while the achieved 
perpendicular orientation distribution remained unchanged as the mechanical 
stimulus proceeded for the two lower strain amplitudes. Interestingly, at the end of 
the experiment for γ0 = 3 (t8 = 5900 s), the scattering patterns in the (OX, OY) and 
(OY, OZ) planes showed a stable anomalous biaxial orientation with approximately 
similar amounts of perpendicular and parallel orientation in the region where G‟‟ and 






Fig. 73 2D-SAXS patterns after t8 = 5900 s along the normal (OX, OY) plane, radial (OY, OZ) plane and the 
tangential (OX, OZ) plane at the edge of the sample (r = 5.5 mm) for γ0 = 3. In the region where I3/1 is constant, a 
macroscopic stable biaxial orientation is achieved. 
 
The discovery of a stable biaxial orientation of the lamella unit normal under shear 
flow was first described by Okamoto et al.161, utilizing in-situ Rheo-SAXS 
measurements with a custom made shear cell. This setup was, however, limited to a 
sawtooth type shear strain with γmax = 0.5 and a time resolution of several hundred 
seconds. In that work161, the specimens initially had an uniaxial parallel orientation 
and the biaxial alignment was achieved by re-orientating the macroscopically aligned 
structures. Therefore, the biaxial orientation was achieved by applying two different 
mechanical experimental conditions, one to initially macroscopically align the 
randomly orientated sample and the second to re-orientate the aligned system.  
To the best of our knowledge, the results described here showed, for the first 
time, the development of an anomalous macroscopic biaxial orientation developed 
from an un-oriented macroscopic isotropic melt by applying a single set of 
experimental parameters (ω1/2π = 1 Hz, γ0 = 2 and γ0 = 3, T = 150 °C) throughout the 
experiment. Therefore, it could be shown that under the applied conditions the 
appearance of a biaxial macroscopic orientation along the parallel and perpendicular 
directions for strain amplitudes γ0 > 1 is only a function of the shear duration.  
To summarize the ex-situ determined strain dependent structural changes for γ0 = 
3, the time dependence of the ex-situ calculated standard deviation of the azimuthally 
averaged first order reflection in the (OX, OY)-plane (perpendicular) and the (OY, 
OZ)-plane (parallel) are shown in Fig. 74. The measurements were performed at 
three different positions along the radial vector: r =5.5 mm, position b to r = 4 mm and 
position c to r = 2 mm. These selected positions correspond to a local strain 
amplitude of γ0-loc (a) = 0.81*γ0, γ0-loc (b) = 0.67*γ0 and γ0-loc (c) = 0.30*γ0. It can be 




mechanical non-linear parameter I3/1 (see doted lines in Fig. 74a), was reflected by 
the peak width of the developing macroscopic perpendicular and parallel alignments. 
  
 
Fig. 74 Time evolution of the standard deviation as measured by ex-situ 2D-SAXS disc for the macroscopic 
perpendicular (filled squares) and parallel (open circles) alignments for γ0 = 3, a) close to the edge (r = 5.5 mm), 
b) in the middle (r = 4 mm) and c) close to the center (r = 2 mm) of the sample. Missing points indicate that no 
peak was observed. The dotted lines represent the time dependence of the non-linear parameter I3/1(t). 
 
Even though the orientation distribution is decreased after reaching a maximum at 
approximately 2000 s it is assumed that the constant elevated value of I3/1 ≈ 0.025 
was caused by the de-ordering of the perpendicular alignment in regions closer to the 
sample center.  
Furthermore, no precise explanation for the correlation between the observed 
overshoot in the time dependence of G‟‟ and changes in the alignment of the lamellar 
microdomains was found. However, the results indicate that the time progression of 
the non-linear response as quantified by the evolution of the non-linear parameter 
I3/1, is directly correlated to the kinetic pathway of the macroscopic alignment and the 
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4.4. Summary of the strain dependence orientation process  
The in-situ Rheo-SAXS studies of the PS-b-PI-13k-13k model compound 
revealed an anomalous de-orientation during LAOS. This de-orientation was 
detected for γ0 > 1 (ω1/2π = 1 Hz, T = 150 °C) by a broadening of the peak width 
of the azimuthally averaged first order reflection quantified by ζSAXS. The in-situ 
SAXS measurements revealed that the applied LAOS conditions first caused a 
well aligned perpendicular orientation of the lamellae diblock copolymer grains. 
However, as the applied mechanical stimulus proceeded the achieved overall 
orientation de-orders and the minimum value of the peak width (ζMin-SAXS) 
increased, as detected for γ0 =2 and γ0 = 3.  
This behavior was also seen in the time dependence of the mechanical non-
linear response quantified by I3/1 which also decreased to a minimum value (I3/1 ≈ 
0.018) during the perpendicular orientation process and later increased again as 
the de-ordering occurred to approximately I3/1 = 0.025.  
These direct correlation of I3/1(t) to ζSAXS(t) was used to guide the ex-situ SAXS 
measurements which revealed that the during the de-ordering process a biaxial 
orientation distribution of the lamellae block copolymer grains occurred. In the 
final state, were I3/1(t) has reached its plateau value, the sample showed nearly 
equal amounts of macroscopic parallel and perpendicular aligned block 
copolymer grains (see Fig. 75). Therefore, it could be shown that I3/1(t) directly 
corresponds to the macroscopic orientation process and can be used to follow the 






Fig. 75 I3/1(t) and the different states of macroscopic alignment as detected by ex-situ SAXS measurements (γ0 = 
3, ω1/2π = 1 Hz, T = 150 °C). 
 
4.5. Quantitative orientation kinetics 
Based on the results above for the correlation between the non-linear mechanical 
response and the strain dependent structural dynamics in the sample melt, it is 
possible to evaluate the kinetics of the alignment process by comparing the 
orientation time determined for each method (2D-SAXS, G‟‟ and I3/1). To do this, it 
must first be clarified how this orientation time can be calculated and to assess 
whether this method corresponds to a reasonable model for the experimental data.  
A simple theoretical approach is presented here to deduce a mathematical 
expression for the underlying orientation mechanism. The main idea of this approach 
is to use a first order scheme for the kinetics. With the assumption that I3/1(t) is 
proportional to the number of defects ND(t) or intergrain area at a specific time, i.e. 
that 
 
  3/1 ~ ( )DI N t                   (4. 1)  
 
the following first order kinetic expression for the time evolution under constant shear 
conditions (γ0, T, ω1/2π) is then obtained:  
 











perpendicular: ζSAXS (ex-situ) ≈ 9 
Biaxial: co-exciting perpendicular and parallel
Initial macroscopic isotropic state γ0 = 3, 
ω1/2π = 1 Hz, 




  ( ) ~ ( )D D
dN t k N t
dt
                (4. 2) 
 
where k is proportional to the inverse of the orientation time η (k ~ 1/η).  
It is assumed that due to heterogeneities in the size distribution of locally 
anisotropic ordered block copolymer domains (grains), the so called defects, the 
orientation times ηo for the rotation of these grains will cover a broad range. These 
heterogeneities were accounted for by introducing a “heterogeneity-index” β, which 
broaden the single exponential. The most simple and less parameter intense 
description is given by a stretched exponential function. This leads to the final 
expression: 
 
  3/1( ) ~ ( ) ~
t
DI t N t e                (4. 3) 
 
The latter term of equation (4.3) is the well known expression for the stretched 
exponential function, as discussed in the literature171. It is important to note that the 
stretched exponential function has already been used to describe the experimental 
time evolution during the shear-induced alignment process of block copolymers168. 
However, this function was used without providing further explanations for the 
stretched exponential time progression of the shear-induced orientation. 
Using a stretched exponential provides a simple method for describing the 
macroscopic orientation of block copolymer grains by a rotation mechanism after 
taking into account that the orientation times η posses a broad and continuous 
distribution than cannot be described by a single exponential decay (β = 1).  
In addition to the above mentioned heterogeneity in the size distribution of the 
block copolymer grains, this function takes into account the appearance of a strain 
gradient, which in parallel plate-plate geometries, is a function of the radial distance 
as well as of any small pre-orientations distributed within the block copolymer melt. 
The broadened orientation time distribution is then expressed in terms of the 
deviance of β (0 < β ≤ 1) from an ideal exponential function where β = 1.  
The fitted curves for time evolution of ζSAXS, G‟‟ and I3/1 are represented by doted 
lines in the corresponding Figures (see Fig. 55, Fig. 57, Fig. 59 and Fig. 63). Form 




kinetics of shear-induced macroscopic orientation using a rotation mechanism is 
reasonable. The calculated fit parameters are summarized in Tab. 4 for all four 
quantities (ζSAXS(in-situ), G‟‟(stress controlled), I3/1, G‟‟(strain controlled)). It is clear, 
however, that the orientation times ηo differ between the mechanical and 2D-SAXS 
measurements. This difference became strongly pronounced at the lowest strain 
amplitudes (γ0 = 0.5). The stretching exponent β stayed between 0.4 and 0.8 for all 
measurements and exhibited, no significant strain dependence. The deviance of β 
from the ideal case β = 1 indicated that a broadened distribution in the dynamic 
orientation process occurred, which is often observed in disordered systems like 









y0 [°] η [s] β A [°] 
0.5 10.2 430 0.58 10 
1 10.5 110 0.50 10 
2 9.4 60 0.80 7 
3 7.7 20 0.60 4 
 
b) 
Strain (G„„ in-situ 
Rheo-SAXS) 
y0 [Pa] ηo [s] β A [Pa] 
0.5 355 720 0.52 214 
1 240 190 0.67 180 
2 210 50 0.73 120 





y0 [Pa] ηo [s] β A [Pa] 
0.5 333 6050 0.42 287 
1 281 262 0.4 292 
2 289 32 0.5 174 





y0 [-] ηo [s] β A [-] 
0.5 0.016 2100 0.38 0.051 
1 0.012 250 0.67 0.065 
2 0.016 75 0.80 0.062 
3 0.015 50 0.75 0.052 
Tab. 4 Calculated fit parameters for all four strain amplitudes by fitting the in-situ Rheo-SAXS time data of: a) in-
situ ζSAXS(t), b) G’’(t), and the rheological properties obtained from a strain controlled ARES rheometer: c) G’’(t) 




y y A e ). 
 
Interestingly, the plateau values γ0 of the non-linear parameter I3/1(t) and the peak 
width determined by the standard deviation ζSAXS of the 2D-SAXS scattering pattern, 




mechanical loss modulus G‟‟, which showed a much larger deviation. By plotting the 
strain amplitude as a function of the calculated orientation times for each 
measurement method on a double logarithmic scale, shown in Fig. 76, a scaling 




Fig. 76 Double logarithmic plot of the orientation time ηo(γ0) as a function of the strain amplitude γ0. The solid lines 
represent a linear regression revealing a slope of approximately -2 for a) ζSAXS (obtained from in-situ SAXS), b) G’’ 
(obtained from stress controlled rheometer) c) G’’ (obtained from strain controlled rheometer) and d) I3/1 (obtained 
from strain controlled rheometer). 
 
For all measurements, except the ex-situ obtained dynamic loss modulus G‟‟, it 
was found that the orientation time had a power law dependence on the strain 
amplitude ranging from η ~ γ0-1.6 and η ~ γ0-2 where this result has not been previously 
reported to the best of our knowledge. Unfortunately, the reason for the strong 
deviance for the ex-situ G‟‟ data could not be clarified within this work. 
The discrepancy between the results obtained in a previous work on polystyrene-















































































-4) on the strain amplitude, is not in contrast with the results reported here. The 
investigations performed by C. Oelschlaeger et al. considered the orientation of the 
lamella unit normal parallel to shear gradient (OZ axis), corresponding to a parallel 
overall orientation instead of a perpendicular alignment. This orientation was 
achieved at elevated temperatures near TODT. In this region the rheological response 
is dominated by the mechanical storage modulus G‟‟ which is caused by the 
microstructure of the self assembled diblock copolymer. Therefore, it can be 
assumed that this high elasticity also affected the macroscopic orientation dynamics 
in the polymer melt.  
 
4.6. Frequency and temperature dependent alignment kinetics  
4.6.1. Frequency dependence of the macroscopic alginment 
a) In-Situ SAXS studies 
Three different shear frequencies were applied (ω1/2π = 0.5 Hz, ω1/2π = 1 Hz and 
ω1/2π = 3 Hz) for γ0 = 1 at T = 150 °C. Fig. 77 shows the time dependence of the 
peak width measured by the standard deviation of the azimuthally averaged first 
order reflection. For all measurements a stretched exponential decrease occurred in 
the beginning of the experiments similar to the one obtained for the strain dependent 







Fig. 77 ζSAXS(t) at T = 150 °C for a) ω1/2π = 3 Hz, b) ω1/2π = 1 Hz and c) ω1/2π =0.5 Hz at T = 150 °C and γ0 = 1. 
For ω1/2π = 3 Hz as well as for ω1/2π =0.5 Hz a pronounced de-ordering is observed while for ω1/2π = 1 Hz only a 
slight increase in ζSAXS is obtained. The dotted lines represent the stretched exponential fit function.  
 




y0 [°] η [s] β A [°] 
0.5 9.7 170 0.56 13 
1 10.5 110 0.50 10 
3 13.4 30 0.75 5.5 
Tab. 5 Calculated fit parameters from the in-situ determined ζSAXS(t) data for the macroscopic perpendicular 
orientation at T = 150 °C and γ0 = 1 for ω1/2π = 0.5 Hz, ω1/2π = 1 Hz and ω1/2π = 3 Hz. 
 
Form the calculated frequency dependent orientation times ηo, utilizing a stretched 




( / 2 )
 (see Fig. 78). It has to be mentioned that these were the first 
results obtained with the unique in-situ Rheo-SAXS setup, therefore, the amount of 
representative data points was limited. Consequently, the provided scaling behavior 
may be considered as preliminary reference points which have to be further 
a)
b) c)
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Fig. 78 Double logarithmic plot of the orientation time 0(ω/2π) as a function of the shear frequency. An inverse 
proportionality is obtained, 0(ω/2π) ~ (ω/2π)-1. 
 
Interestingly, strong de-orientations at t = 200 s and t = 1700 s were observed for 
ω1/2π = 0.5 Hz and ω1/2π = 3 Hz, respectively. For the intermediate frequency (ω1/2π 
= 1 Hz) only a slight overshoot was detected at t = 2000 s. In contrast, to the 
monotonic increase, observed for the de-orientation at ω1/2π = 0.5 Hz, the time 
progression of ζSAXS for ω1/2π = 3 Hz showed an overshoot of approximately 1.5° 
which finally leveled off to a slightly elevated ζSAXS value of 13.6° compared to the 
minimum value of ζMin-SAXS = 13.4° at t = 190 s. The observed overshoot showed 
similarities to the in-situ investigated alignment process obtained for ω1/2π = 1 Hz, γ0 
= 1 at T = 150 °C (compare Fig. 55c).  
To illustrate the quality of the perpendicular orientation in the (OX, OY) plane 
quantified by ζSAXS(t) the three frequency dependent measurements are represented 
in one plot in Fig. 79. From the minimum value of the peak width of the azimuthally 
averaged first order reflection, quantified by the standard deviation ζMin-SAXS, it can be 
seen that for increasing shear frequency the orientation distribution of the lamellae 
block copolymer domains became less ordered. For a shear frequency of ω1/2π = 
3 Hz the minimum value was ζMin-SAXS = 13.4° while for ω1/2π = 0.5 Hz the sample 
melt became more ordered with a minimum value of ζMin-SAXS = 10°. Furthermore, it 
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could be shown that the minimum value ζMin-SAXS exhibited a linear dependence on 
the applied shear frequency (see Fig. 80). 
 
 
Fig. 79 Time dependence of ζSAXS for the different shear frequencies [ω1/2π =3 Hz (solid line), ω1/2π =1 Hz 
(dashed line) and ω1/2π =0.5 Hz (dotted line)] at T = 150 °C and γ0 = 1 represented in one plot to illustrate the 
frequency dependence of the orientation distribution of the lamellae domains in the (OX, OY) plane. 
 
 
Fig. 80 Linear representation of the minimum value of ζMin-SAXS(ω/2π) as a function of frequency. A linear 
dependence of the applied shear frequency to the quality of the perpendicular orientation of the lamellae grains 






















 3 Hz, 0 = 1, T = 150 °C
 1 Hz, 0 = 1, T = 150 °C
 0.5 Hz, 0 = 1, T = 150 °C
























b) Online FT-Rheology measurements  
The effect of the shear frequency to the de-orientation process detected by the 
mechanical non-linear parameter I3/1 for ω1/2π = 1 Hz and ω1/2π = 0.5 Hz and a strain 
amplitude of γ0 = 3 is shown in Fig. 81. The orientation times ηo calculated from the 
rapid decrease of I3/1 was increased by more than a factor of 3 from ηo = 50 s for 
ω1/2π = 1 Hz to ηo = 170 s for ω1/2π = 0.5 Hz. Furthermore, the plateau region in 
which I3/1 had its minimum value of approximately I3/1 = 0.015 was enlarged by a 
factor of 2 from 450 s for ω1/2π = 1 Hz to 900 s for ω1/2π = 0.5 Hz. Additionally, the 
increase of I3/1 was less steep for the lower frequency (ω1/2π = 0.5 Hz) and 
proceeded over a time period of 7000 s until I3/1 reached a plateau value of 0.035. In 
contrast, for ω1/2π = 1 Hz a rapid increase during 2000 s was detected leading into a 
plateau of I3/1 = 0.027 after approximately 2700 s.  
 
 
Fig. 81 Time dependence of I3/1 for ω1/2π = 1 Hz (filled squares) and ω1/2π = 0.5 Hz (open circles) at T = 150 °C 
and γ0 =3. 
 
4.6.2. Temperature dependent alignment kinetics 
In the discussion in section 4.3 it was shown that the strain dependent orientation 
time ηo(γ0) showed power law behavior of approximately ηo(γ0) ~ γ0-2. In the following 
the temperature dependence of the macroscopic perpendicular orientation of PS-b-
PI-13k-13k (TODT = 205 °C) at T1 = 150 °C, T2 = 160 °C and T3 = 170 °C as detected 
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by in-situ Rheo-SAXS measurements is discussed. Three different strain amplitudes 
γ0 = 0.5, γ0 = 1 and γ0 = 2 were applied with a fixed shear frequency of ω1/2π = 1 Hz.  
Fig. 82a-c shows ζSAXS as a function of time for specific strain amplitude at 
different temperatures. Form this representation it can be seen that in the beginning 
of the experiment the time progression of ζSAXS showed a similar stretched 
exponentially decreasing trend for all strain amplitudes and temperatures. However, 
the de-ordering phenomenon exhibited complex temperature behavior.  
For example, the temperature dependent trend of the de-ordering for γ0 = 2 and 
for γ0 = 1 showed different trends. For γ0 = 2 a pronounced de-ordering at T1 = 
150 °C and T2 = 160 °C appeared while for the highest temperature (T3 = 170 °C) no 
de-ordering was observed during LAOS and ζSAXS decreased into a nearly constant 
plateau of ζMin-SAXS = 6°. In contrast, for γ0 = 1 at T3 = 170 °C the onset of a de-
ordering process was visible after 2400 s while for T2 = 160 °C a strong overshoot of 
ζSAXS was detected at t ≈ 1200 s. As already shown above, no pronounced de-
ordering was observed for γ0 = 1 at T1 = 150 °C. 
For γ0 = 2 and γ0 = 1 the minimum value of ζSAXS is decreased with increasing 
temperature which results in a better overall perpendicular alignment for elevated 
temperatures. In contrast, the measurements for the lowest strain amplitude (γ0 = 
0.5) revealed a better macroscopic perpendicular orientation for T1 = 150 °C (ζMin-
SAXS ≈ 10.2) while for T2 = 160 °C and T3 = 170 °C no pronounced temperature 
dependence was detected and ζSAXS monotonically approximates a value of ζMin-SAXS 






Fig. 82 ζSAXS(t) for the shear-induced macroscopic perpendicular alignment of PS-b-PI-13k-13k (TODT = 205 °C). 
The solid lines represent measurements at T1 = 150 °C, the dashed lines at T2 = 160 °C and the dotted lines at T3 
= 170 °C. The LAOS experiments were performed with a strain amplitude a) γ0 = 2, b) γ0 = 1, c) γ0 = 0.5 and a 
shear frequency of ω1/2π = 1 Hz. 
 
To probe whether the derived power law (compare section 4.3) of the orientation 
times ηo on the strain amplitude at T = 150 °C (ηo(γ0) ~ γ0-1.6) is also valid at different 
temperatures, the time dependences of ζSAXS at T1 = 150 °C, T2 = 160 ° and T3 = 
170 °C were fitted with a stretched exponential (not shown here). The obtained fit 
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Strain (150 °C) y0 [°] ηo  [s] β A [°] 
0.5 10.2 430 0.58 10 
1 10.5 110 0.50 10 
2 9.4 60 0.80 7 
 
b) 
Strain (160 °C) y0 [°] ηo  [s] β A [°] 
0.5 11.1 989 0.81 12 
1 9.4 207 0.68 11 
2 7.7 97 0.76 8 
 
c) 
Strain (170 °C) y0 [°] ηo [s] β A [°] 
0.5 10.2 1070 0.58 13 
1 8.5 312 0.60 14 
2 6 154 0.50 11 
Tab. 6 Calculated fit parameters from the in-situ determined ζSAXS(t) data for the macroscopic perpendicular 





y y A e ). 
 
Fig. 83 shows the double logarithmic representation of the calculated orientation 
times ηo(γ0) against the strain amplitude. For T2 = 160 °C (Fig. 83a) a slope of -1.7 
was obtained while for the highest temperature T3 = 170 °C the slope was slightly 
suppressed to -1.4. Nevertheless, it can be seen that these findings are in good 






Fig. 83 Double logarithmic plot of the orientation time ηo as a function of the strain amplitude at a) 160 °C and b) 
170 °C for PS-b-PI-13k-13k (TODT = 205 °C) . The obtained power law of ηo on the strain amplitude was in good 
agreement with the results obtained for T1 = 150 °C where a slope of -1.6 was received. 
 
It is important to note that the strain dependence of the orientation time ηo, 
calculated from the non-linear parameter I3/1(t) showed power law dependence of ηo ~ 
γo
-1.6 at T2 = 160 °C and ηo ~ γo-1.7 at T3 = 170 °C (not shown here). 
Furthermore, the results showed that the minimum value of ζMin-SAXS decreased 
with increasing strain amplitude which resulted in a better macroscopic perpendicular 
orientation for higher γ0 (see Fig. 84). This result was also obtained for T = 150 °C, if 
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Fig. 84 Strain dependence of the minimum value ζMin-SAXS(γ0) for PS-b-PI-13k-13k (TODT = 205 °C) at T = 160 °C 
(open squares) and T = 170 °C (filled circles) while ω1/2π = 1 Hz. 
 
4.7. Conclusion of frequency and temperature dependence 
From the above performed in-situ Rheo-SAXS measurement it was found that the 
best degree of macroscopic orientation (ζMin-SAXS = 6°) could be achieved at T = 
170 °C, γ0 = 2 and a shear frequency of ω1/2π = 1 Hz. Furthermore, it could be shown 
that an increase in the strain amplitude enhanced the macroscopic alignment. For T 
= 160 °C and T = 170 °C a linear dependence between strain amplitude and ζMin-SAXS 
was found while the orientation time obeyed a power law behavior to the applied 
strain amplitude of ηo ~ γ0-1.6.  
However, increasing the temperature by 10 °C causes an increase in the 
orientation time η0 by approximately a factor of 1.6 for γ0 = 1 and γ0 = 2 while for the 
lowest strain amplitude γ0 = 0.5 no specific trend was observed. Additionally, it was 
found that under isothermal conditions the macroscopic orientation improved with 
decreasing shear frequency by approximately a factor of 1.7.  
The herein performed measurements on a symmetric PS-b-PI diblock copolymer 
melt, which was used as a model compound, clearly showed that the newly 
developed, unique in-situ Rheo-SAXS setup is a powerful tool to derive novel insights 
to the mechanism and kinetics of the shear-induced alignment.  
Furthermore, it could be shown that by optimizing the mechanical excitation 
conditions the overall alignment can be drastically enhanced. For example, by 
varying the applied LAOS conditions the degree of overall orientation, quantified by 
























ζMin-SAXS, was improved by more than a factor of 2, from ζMin-SAXS = 13.4° (ω1/2π = 
3 Hz, γ0 = 1, T = 150 °C) to ζMin-SAXS = 6° (ω1/2π = 1 Hz, γ0 = 2, T = 170 °C). 
 
4.8. Molecular weight dependence of the shear-induced 
alignment 
4.8.1. Linear mechanical characterization of PS-b-PI-17k-17k 
In section 4 an extensive overview of the shear induced alignment of PS-b-PI-
13k-13k was provided, regarding experimental parameters like frequency, strain 
amplitude and temperature. In this section the influence of the molecular weight to 
the de-ordering process is examined. For this propose, a PS-b-PI-17k-17k with Mw = 
35,000 g/mol, fPS = 49% and PDI = 1.06 was probed by in-situ Rheo-SAXS and FT-
Rheology. To achieve a macroscopic isotropic initial state, the sample was heated 
20 °C above the order disorder transition (TODT = 215 °C) before the LAOS 
experiments were performed.  
The master curve of the mechanical linear response of the storage (G‟) and loss 
(G‟‟) modulus as function of reduced frequency (aT*ω/2π) is presented in Fig. 85 at 
Tref = 160 °C. In contrast to the PS-b-PI-13k-13k diblock copolymer the PS-b-PI-17k-
17k showed a slight onset of a rubber plateau which is indicated by the region C. 
 
 
Fig. 85 Master curve of PS-b-PI-17k-17k at Tref = 160 °C. The diblock copolymer shows an onset to a rubber 
plateau (region C) which indicates that the polymer chains are at the point to build up entanglements. 
 

























From the master curve for G‟‟ for temperatures above and below TODT, shown in 
Fig. 86, the critical frequency ω c’’/2π = 0.045 Hz was derived. Unfortunately, the 
master curve of G‟ and lε*l above the TODT could not be constructed as the measured 
data points showed strong fluctuations.  
Nevertheless, form Fig. 86 it can be seen that the chosen measurement 




Fig. 86 Representation of the loss modulus G’’ versus reduced frequency at a reference temperature Tref = 160 °C 
for PS-b-PI-17k-17k (TODT = 215 °C). The data for G’’ above the TODT represent the disordered melt behavior. The 
junction point between both curves is referred to be the critical frequency ω c’’/2π = 0.045 Hz. 
 
4.8.2. In-situ Rheo-SAXS studies 
Two different LAOS experiments were performed with strain amplitudes of γ0 = 2 
and γ0 = 3 and a shear frequency of ω1/2π = 1 Hz at T = 160 °C. The in-situ 
determined time dependent peak width of the azimuthally averaged first order 
reflection quantified by ζSAXS is show in Fig. 87.  
After a rapid exponential decrease in the beginning of the LAOS experiments, for 
both applied strain amplitudes a pronounced de-ordering was detected after a critical 
shear duration time of 700 s for γ0 = 2 and 550 s for γ0 = 3. For γ0 = 2 the de-ordering 
occurred by a steep increase in ζSAXS from 7.9° to ζSAXS = 10.2°, followed by a region 
in which ζSAXS(t) increased over a period of 4500 s to approximately 11.1°. In this 
region the value of ζSAXS(t) showed strong undulations with varying amplitude and 
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wavelength. In contrast, for γ0 = 3 the time progression of ζSAXS showed a nearly 
monotonic rise from ζSAXS ≈ 6° to ζSAXS = 9.7° over a period of 3800 s. 
 
 
Fig. 87 Time dependence of ζSAXS for the perpendicular orientation of PS-b-PI-17k-17k (TODT = 215 °C) (ω1/2π = 
1 Hz, T = 160 °C). The dotted lines represent the stretched exponential fit function.  
 
The fit parameters calculated from the rapid drop of ζSAXS(t) in the beginning of 
the experiment are summarized in Tab. 7. 
 
Strain (160 °C) y0 [°] ηo  [s] β A [°] 
2 7.7 167 0.87 8 
3 5.9 63 0.71 7 
Tab. 7 Calculated fit parameters from the in-situ determined time dependent ζSAXS for PS-b-PI-17k-17k (ω1/2π = 




y y A e ). 
 
4.8.3. Comparison of PS-b-PI-13k-13k and PS-b-PI-17k-17k 
Before the two different molecular weight PS-b-PI diblock copolymers are 
compared with each other, it has to be clarified which measurement temperature of 
the low molecular weight PS-b-PI-13k-13k (TODT = 205 °C) corresponds to the 
mechanical properties of the PS-b-PI-17k-17k (TODT = 215 °C) at T = 160 °C.  
To determine the corresponding experimental conditions, it seemed reasonable to 
compare the linear mechanical responses of both diblock copolymers, obtained at 
different temperatures.  
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Fig. 88 and Fig. 89 represent the frequency dependence of G‟ and G‟‟ for PS-b-
PI-13k-13k at T = 150 °C and PS-b-PI-17k-17k at T = 160 °C respectively for PS-b-
PI-13k-13k at T= 160 °C and PS-b-PI-17k-17k at T = 160 °C for small amplitude 
oscillatory shear. It can be seen that the linear mechanical response of PS-b-PI-13k-
13k at T = 150 °C is similar to the of PS-b-PI-17k-17k at T = 160 C. In contrast, at 
equal temperatures the modulii of the two diblock copolymers showed significant 
differences. Therefore, the experimental data of PS-b-PI-13k-13k at T = 150 °C were 
chosen and directly compared to the shear-induced alignment of PS-b-PI-17k-17k at 
T = 160  C. 
 
 
Fig. 88 Linear mechanical response of G’(square) and G’’(triangle) at T = 150 °C for PS-b-PI-13k-13k (TODT = 
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Fig. 89 Linear mechanical response of G’(square) and G’’(triangle) at T = 150 °C for PS-b-PI-13k-13k (TODT = 
205 °C) (filed symbols) and at 160 °C for PS-b-PI-17k-17k (TODT = 215 °C) (open symbols) obtained for γ0 = 0.02. 
 
Fig. 90 represents the time dependence of ζSAXS for both diblock copolymers at γ0 
= 3. Both block copolymers show similar trends during LAOS. First a rapid 
exponential decay of ζSAXS(t) was obtained, leading into a minimum. As the 
mechanical stimulus proceeds a de-ordering of the well aligned perpendicular 
orientation was observed, indicated by an increase of ζSAXS(t).  
However, the lower molecular weight diblock copolymer became less ordered, 
indicated by the minimum value of ζMin-SAXS = 9° for PS-b-PI-13k-13k compared to 
ζMin-SAXS = 7° which was obtained for PS-b-PI-17k-17k. Furthermore, the de-











  G' PS-b-PI-13k-13k T = 160 °C
 G'' PS-b-PI-13k-13k T = 160 °C
  G' PS-b-PI-17k-17k T = 160 °C





Fig. 90 Time dependence of ζSAXS for PS-b-PI-13k-13k (TODT = 205 °C) (filled squares) at T = 150 °C and PS-b-PI-
17k-17k (TODT = 215 °C) (open symbols) at T = 160 °C (ω1/2π = 1 Hz, γ0 = 3).  
 
For γ0 = 2 as shown in Fig. 91 similar behaviors in the time progression of ζSAXS 
were obtained. The lower molecular weight polymer became less ordered indicated 
by the higher ζMin-SAXS value of 9.4° while for PS-b-PI-17k-17k a value of ζMin-SAXS = 
7.7° was achieved.  
 
 
Fig. 91 Time dependence of ζSAXS for PS-b-PI-13k-13k (TODT = 205 °C) (filled squares) at T = 150 °C and PS-b-PI-
17k-17k (TODT = 215 °C)  (open symbols) at T = 160 °C (ω1/2π = 1 Hz, γ0 = 2).  
 
 
















 PS-b-PI-13k-13k  T  150 °C
 PS-b-PI-17k-17k  T  160 °C  





















 PS-b-PI-13k-13k  T  150 °C




4.8.4. Molecular weight dependence detected by I3/1(t) 
For the ex-situ rheological studies three different strain amplitudes were applied 
(γ0 = 1, γ0 = 2 and γ0 =3) at T = 160 °C and ω1/2π = 1 Hz. Fig. 92 shows the obtained 
time dependence of I3/1 for the three different LAOS experiments. In the beginning of 
the LAOS experiments the characteristic stretched exponential drop was detected, 
followed by a plateau region which became more pronounced with decreasing strain 
amplitude. The fit parameters for the stretched exponential fit of the rapid decrease in 
the beginning of the experiments are summarized in Tab. 8. 
The strain dependence of the orientation time ηo(γ0) showed the same power law 
dependence (ηo ~ γ0-1.6) as obtained from the experimental data of PS-b-PI-13k-13k.  
 
 
Fig. 92 I3/1(t) of PS-b-PI-17k-17k determined for γ0 = 1 (dotted line), γ0 = 2 (dashed line) and γ0 =3 (solid line) at T 
= 160 °C and ω1/2π = 1 Hz. Inset represent an enlargement of the onset of the de-ordering from the minimum of 
I3/1. 
 
For all applied strain amplitudes, a de-ordering process was observed, indicated 
by a drastic increase from the minimum value of I3/1(t). The critical shear duration tc 
until the onset of the de-ordering process was observed, delayed with decreasing 









































 I3/1 0 = 3
 I3/1 0 = 2




Strain (160 °C) y0 [-] ηo [s] β A [-] 
1 0.015 375 0.61 0.069 
2 0.014 91 0.76 0.07 
3 0.012 65 0.77 0.012 
Tab. 8 Calculated fit parameters from I3/1(t) as a function of time for PS-b-PI-17k-17k (ω1/2π = 1 Hz, T = 160 °C) 
by applying a stretched exponential fit function. 
 
In comparison with the low molecular weight PS-b-PI-13k-13k diblock copolymer 
(see Fig. 93) I3/1(t) showed good similarities to the time progression of ζSAXS. For 
higher molecular weights the minimum value of I3/1(t) is decreased while the onset of 
the de-ordering is retarded for PS-b-PI-17k-17k compared to PS-b-PI-13k-13k.  
 
 
Fig. 93 Comparison of the time dependence of I3/1 for PS-b-PI-13k-13k (filled squares) at T = 150 °C and PS-b-PI-
17k-17k (open circles) at T = 160 °C for a) γ0 = 3 and b) γ0 = 2. The shear frequency was fixed to ω1/2π = 1 Hz. 
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4.9. Summary and discussion of the shear-induced alignment 
4.9.1.  Implication of the macroscopic alignment mechanism 
The results obtained by in-situ Rheo-SAXS measurements indicated a significant 
correlation between the time dependence of the structural changes and the dynamic 
mechanical response of the sample melt. The former were quantified by the time 
evolution of the standard deviation ζSAXS calculated from the azimuthally averaged 
first order reflection in the 2D-SAXS scattering pattern. The latter by the dominant 
viscoelastic property, the mechanical loss modulus G‟‟, and the non-linear parameter 
I3/1. The effect of the varying applied LAOS conditions (e.g. strain amplitude, 
frequency, temperature and molecular weight) to the orientation distribution of the 
lamellae self assembled microdomains are summarized in Tab. 9. 
LAOS-
Conditions 
Impact on alignment kinetic 
determined by σSAXS 
Impact on de-ordering 
determined by σSAXS 
Non-linear mechanical 





 Power law ηo ~ γ0
-1.6
 (Fig. 
76, Fig. 83) 
 Improved alignment with 
increasing γ0 (Fig. 71, Fig. 
84) 
 Linear dependence of ζMin-
SAXS to γ0 (Fig. 84) 
 For γ0 > 1 de-ordering 
occurred at T = 150 °C 
(Fig. 55) 
 Final biaxial 
macroscopic orientation 
(Fig. 73) 
 De-ordering occurred 
earlier (Fig. 55) 




 de-ordering causes 
increase of I3/1 (Fig. 74) 
 Onset of de-ordering 
began earlier with 






 Inverse dependence of ηo ~ 
ω1/2π
-1
 (Fig. 78) 
 Lower frequencies 
increased the macroscopic 
orientation (Fig. 80) 
 Linear dependence of σMin-
SAXS to ω1/2π (Fig. 80) 
 
 
 Complex frequency 
dependence (Fig. 77) 
 
 Increased orientation 
times with decreasing 
frequency 
 Onset of de-ordering 
delayed for lower 
frequencies (Fig. 81) 
 Duration and magnitude 





 Increasing temperature 
enhanced the 
alignment: ζMin-SAXS (Fig. 
82) 
 Orientation time ηo 
increased with increasing 
temperature (Tab. 6) 
 Temperature strongly 
affected de-ordering 
(Fig. 82) 
 Higher temperatures 
caused a retarded de-
orientation (Fig. 82) 
 Orientation time ηo 
increased with 
increasing temperature 
 No specific 
dependence on 






 Orientation time ηo was 
increased with increasing 
molecular weight 
 Quality of overall 
orientation was enhanced 
with increasing molecular 
weight (Fig. 90, Fig. 91) 
 De-ordering was 
retarded with increasing 
molecular weight (Fig. 
90, Fig. 91) 
 De-ordering increased 
with the molecular 
weight (Fig. 91) 
 De-ordering was 
delayed (Fig. 93) 
 No significant changes 
in the magnitude of the 
de-ordering process 
(Fig. 93) 
Tab. 9 Summary of the different LAOS conditions and their impact on the macroscopic orientation, de-orientation 





In all LAOS experiments a rapid drop in the measured quantities was detected, 
reflecting the increasing orientation of the lamella microstructures. With increasing 
strain amplitude, this process was accelerated, meaning that the rapid drop in the 
observed mechanical and structural parameters became even more pronounced 
during the LAOS experiments at higher γ0. These findings are consistent with the 
results obtained by Chen et al.84 who used in-situ birefringence and ex-situ SAXS 
studies to monitor the progress of macroscopic orientation. From the agreement 
between the shear-induced structural changes determined via 2D-SAXS and the 
mechanical no-linear response quantified by I3/1, it can be seen that there is a 
correlation between the non-linear mechanical response and the development of the 
aligned macroscopic structure.  
Furthermore, it was confirmed that the perpendicular orientation process began 
with an elimination of the orientation distribution with the unit normal of the lamellae 
being orientated preferentially along the transverse (OX axis) direction. This 
elimination process was more pronounced at higher strain amplitudes and was 
reduced travelling from the outside edge of the parallel plate to its center. Next, the 
remaining orientation distribution was converted into a macroscopic system with 
preferentially perpendicularly orientated lamellae microstructures. It could be shown 
that the plateau values of the non-linear mechanical parameter corresponded to a 
temporally stable state of macroscopic alignment that remained constant for γ0 ≤ 1 at 
T = 150 °C. 
For the first time, it could be shown that depending on the experimental conditions 
the achieved degree of macroscopic orientation was not stable as the mechanical 
excitation continued above a certain point. This state of orientation then became de-
orientated under further mechanical stimulus, resulting in a broadening of the 
orientation distribution and the development of a biaxial distribution with 
approximately equal amounts of microdomains having parallel and perpendicular 
orientations for γ0 > 1 at T = 150 °C.  
The ex-situ 2D-SAXS measurements revealed that I3/1 characterized the progress 
of macroscopic orientation in a reasonable and reproducible way. Furthermore, I3/1(t) 
was sensitive to the de-ordering process by exhibiting a significant increase as the 
de-ordering takes place. It must be noted that the mechanical loss modulus G‟‟ also 




different time progression for the rheological measurements carried out with the 
stress controlled (Mars II, Thermo Scientific) respectively the strain controlled (ARES, 
TA-Instruments) Rheometer which could not be explained reasonable yet.  
As suggested in previous work159, 168, it was now proven that non-linear 
mechanical characterization as determined via FT-Rheology was able to follow 
macroscopic alignment processes in real time because it is also sensitive to complex 
structural dynamics. This agreement inspired the idea of adopting a proposed 
rotational orientation mechanism instead of a selective layer melting mechanism, as 
a possible pathway for the perpendicular alignment and the de-ordering process30, 155, 
172. Even though, Gupta et al.160 concluded by the examined strain dependency of 
the macroscopic alignment at a fixed frequency and temperature that the kinetic 
pathway of the macroscopic orientation cannot be satisfactorily explained by either of 
the mechanisms suggested above.  
For several experimental conditions (T, ω1/2π, γ0) described above which caused 
a macroscopic perpendicular alignment a de-ordering of the well aligned 
macroscopic anisotropic structure was observed as the mechanical stimulus 
proceeded, resulting in a final biaxial orientation. This final state of overall alignment 
was a function of the shear duration only, which was achieved under isothermal 
conditions by applying a single excitation frequency and deformation amplitude. If it is 
assumed that the applied experimental conditions were at the vicinity of the transition 
point between the melting and rotation mechanisms governing the perpendicular and 
parallel alignment process, then the dynamic shear field would lead directly to a 
biaxial orientation, as neither the parallel nor the perpendicular alignment would be 
preferred. However, the results shown above indicate that the pathway to the biaxial 
orientation developed instead in two steps. First, a well-aligned perpendicular state 
was observed, which became unstable as the oscillating mechanical stimulus 
continued, and then, finally, de-ordered to create the final stable biaxial orientation 
which in some cases was achieved by strong undulations during the de-orientation 
process. 
On the basis of these results, a rotation mechanism of the locally ordered block 
copolymer grains is proposed for these experimental conditions. In the following 
section, a detailed discussion on the kinetics of the rotation mechanism and its effect 
on the non-linear response as quantified by I3/1 is provided. It should be noted that 




measurements, which confirmed that the de-ordering process occurred in the melt 
state and led directly to a broadening of the azimuthally averaged first order 
scattered reflection and was, therefore, not a result of factors necessary for ex-situ 
studies, such as cooling and sample preparation. On the other hand, additional FT-
Rheology and ex-situ 2D-SAXS measurements provided insight into the mechanical 
non-linear response and structural changes along all three spatial directions.  
 
4.9.2. Correlation between structural changes and mechanical response 
A schematic sketch of the proposed macroscopic perpendicular alignment 
process under the applied conditions is provided in Fig. 94. This sketch represents 
the orientation process until the overall perpendicular alignment was achieved, i.e. 
until I3/1 reached its minimum, not considering the de-orientation process. The 
direction of the unit normal of the lamellae in one locally ordered block copolymer 
grain is represented as a vector.  
It is propose that the applied large amplitude oscillatory shear caused a 
rotation of the microdomains. Therefore, the various locally anisotropically ordered 
microdomains with their unit normal pointing statistically into all spatial directions can 
be regarded in terms of defects and nucleation points. Specifically, the grains 
possessing a lamellae unit normal with a spatial orientation that is different than the 
energetically favored macroscopic aligned final state, i.e. the perpendicular 
alignment, were considered as defects. Grains with the unit normal of their lamellae 
microdomains orientated in approximately the perpendicular direction (parallel to the 






Fig. 94 Schematic representation of the shear-induced alignment of a PS-b-PI diblock copolymer melt. The unit 
normal of the lamellae of the locally ordered isotropic block copolymer grains are indicated by arrows and on the 
top view by circles with a cross. For further explanation see text. 
 
The initial macroscopically isotropic sample melt had a randomly orientated unit 
normal of the locally isotropic ordered microdomain grains. Each orientation has a 
different energy level with respect to the shear direction, which depends on the 
spatial orientation of the lamella unit normal, the size and shape of the locally 
ordered block copolymer grain. By applying large amplitude oscillatory shear to the 
polymer melt, the grains which posses the most unfavorable energy levels will be 
rotated into the perpendicular orientation first. As the macroscopic alignment 
proceeds, the number of grains which do not have the favorable orientation is 
reduced. This process led to the final macroscopically perpendicular aligned sample 
melt, which was proven by in- and ex-situ 2D-SAXS studies.  
As the grains were rotated into the preferred perpendicular alignment ((OX, OY) 
plane), some grain interfaces will vanish and larger grains will develop. The time 
evolution of the radial averaged first order reflection (see Fig. 95), indicated that the 
development of larger grains was not significant during the orientation process as this 
value varied from only 4% (γ0 = 0.5) to 14% (γ0 = 3) with respect to its initial and final 
value. 
Isotropic state (t = 0 s) Rotation of strongly un-
favorable defects (ζSAXS > 10 )
Well aligned macroscopic








= locally anisotropic orderd block copolymer grain






Fig. 95 Time dependence of the peak width of the radial averaged first order reflection obtained from in-situ Rheo-
SAXS measurements for PS-b-PI-13k-13k at T = 150 °C, ω1/2π = 1 and four different strain amplitudes. 
 
To derive a dependency between the structural changes and the mechanical 
response, it was assumed that the locally ordered grains in the block copolymer melt, 
which have a size in the sub-micrometer range, were surrounded by an interface 
which separates each block copolymer grain. In a recent study, it was shown that the 
non linear response even for two Newtonian fluids in an emulsion is caused by 
interfacial tension71, 173. Therefore, originates as interfaces are deformed during a 
mechanical stimulus.  
The rotation of the locally anisotropic ordered grains by LAOS will cause a 
deformation of the surrounding interfaces where this deformation results in a 
mechanical non-linear response that can be monitored and quantified using the non-
linear parameter I3/1. As the LAOS experiment proceeded, the amount of defects was 
reduced and, therefore, the number and extent of deformed microdomain surfaces 
was also reduced causing a decrease in the non-linear mechanical response. This 
idea is supported by the result that the observed low value plateau for I3/1 which was 
evident at all LAOS experiments described above, corresponded to a well-aligned 
perpendicular orientation as confirmed by 2D-SAXS measurements. These results 
support the assumption that the non-linear response during shear-induced orientation 
of block copolymer melts was primarily caused by the deformation of the grain 
interfaces during rotational alignment and not by the interface between the two 
polymer constituent PS and PI.  
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The above suggested mechanism may also explain the detected increase of 
I3/1 for strain amplitudes γ0 > 1. As the in-situ Rheo-SAXS studies showed, the 
development of the biaxial orientation occurred by a broadening of the orientation 
distribution in the (OX, OY) plane. This would cause a further mechanically induced 
rotation of the block copolymer grains and an increase in the value of the non-linear 
response, which was, in fact, seen. Nevertheless, the underlying process which 





5. Re-orientation experiments of PS-b-PI diblock 
copolymers 
All shear-induced alignment experiments introduced so far were performed with 
PS-b-PI diblock copolymer melts which were initially macroscopic isotropic. The 
isotropic initial state was achieved by heating the sample above the order disorder 
temperature to remove undesired pre-alignments of the lamellae microstructure. In 
this section a brief introduction to so called re-orientation experiments159 of PS-b-PI 
diblock copolymers with different molecular weights is provided. 
On the one hand re-orientation experiments are especially useful for the 
investigation of the shear-induced alignment of PS-b-PI diblock copolymers with high 
molecular weights (Mw > 40,000 g/mol). These block copolymers revealed the 
problem that it was not possible to reach the order disorder transition in the 
experimental accessible temperature range (Tmax = 250 °C). Therefore, no uniform 
initial orientation could be achieved as due to shear history caused by sample 
preparation and loading procedures macroscopic anisotropies were already present 
in the sample melt (see Fig. 103). These undesired pre-alignments made it 
impossible to perform experiments under reproducible conditions. 
 
 
Fig. 96 2D-SAXS scattering pattern of PS-b-PI-32k-27k with induced alignments due to sample loading procedure 
at T = 180 °C. The TODT was higher than the experimental accessible temperature range. Therefore, no 
macroscopic isotropic initial state could be achieved. 
 
To overcome this drawback a defined macroscopic alignment was generated 
using controlled large amplitude oscillatory shear (LAOS) conditions. Afterwards the 
macroscopic orientated sample melt was subjected to differing experimental 




ordered state into a new overall orientation with respect to the orientation of the unit 
normal of the lamellae to the shear flow. 
On the other hand, the investigation of the re-orientation of a macroscopic well 
aligned sample melt reveals new insights into the stability and the re-ordering 
mechanism. It is important to notice that re-orientation experiments were already 
reported in literature utilizing in-situ161 and ex-situ159 structural analysis methods. 
Nevertheless, with the unique Rheo-SAXS combination the re-orientation 
mechanism can be studied under precise rheological conditions while obtaining 
additional information about microstructural changes on an experimental time scale (t 
= 10 s) which until now has not been available. In the following four different re-
orientation experiments are presented which were performed with the in-situ Rheo-
SAXS setup.  
The first re-orientation experiment introduced here was subjected to a PS-b-PI-
20k-20k with a TODT above 250 °C. The sample melt was macroscopic perpendicular 
pre-aligned by applying a strain amplitude of γ0 = 3 with ω1/2π = 3 Hz at T = 170 °C 
for two hours. The in-situ scattering pattern indicated a well aligned overall 
perpendicular orientation (ζMin-SAXS = 10.4°) (see Fig. 97). Additional, no de-ordering 
was detected in this preliminary alignment step.  
In the following re-orientation experiment the sample melt was cooled to 130 °C 
by thoroughly adjusting the gap to avoid squeeze flow alignments. Based on ex-situ 
SAXS measurements which revealed a parallel orientation at T = 130 °C for ω1/2π = 
3 Hz and γ0 = 1, the experimental conditions for the re-orientation from a 
macroscopic perpendicular orientation into a parallel orientation were set to T = 
130 °C, ω1/2π = 3 Hz and γ0 = 0.7. The lower strain amplitude had to be selected as 
for higher strain amplitudes the torque during the measurements with the Rheo-
SAXS setup would have exceeded the instrumental limit. 
Fig. 97 shows the in-situ measured time dependence of the orientation 
distribution of the lamellae microstructure with the unit normal of the lamellae parallel 
to the (OX, OY) plane for PS-b-PI-20k-20k. From the 3D-contour plot it can be seen 
that the initially perpendicular state was “torn apart”, leading to a scattering pattern 
with four reflections. This four-fold scattering pattern was present throughout the 






Fig. 97 Re-orientation experiment for PS-b-PI-20k-20k. The sample melt was initially perpendicular aligned (ω1/2π 
= 3 Hz, T = 170 °C, γ0 = 3) and afterwards subjected to different LAOS conditions (T = 130 °C, ω1/2π = 3 Hz and 
γ0 = 0.7) which should re-orientate the perpendicular alignment into a parallel alignment. The 3D-contour plot 
represents the time evolution of the 2D-SAXS patterns in the (OX, OY)-plane. 
 
A similar re-orientation experiment was performed with a low molecular weight 
PS-b-PI-13k-13k which was perpendicular orientated beforehand (ω1/2π = 1 Hz, γ0 = 
1, T = 150 °C). To re-orientate the macroscopic perpendicular alignment into the 
parallel one the experimental conditions were set to T = 120 °C, ω1/2π = 3 Hz and γ0 
= 0.7. Form the in-situ detected structural development in the (OX, OY) plane (see 
Fig. 98). It can be seen that in the beginning also a four-fold scattering pattern is 
obtained. However, this state of alignment seemed to be unstable as the mechanical 
stimulus proceeded and the lamellae diblock copolymer grains were rotated again 
into the preferentially perpendicular orientation and the four-fold pattern merged into 
a two-fold scattering pattern with a preferentially perpendicular alignment.  
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Fig. 98 Re-orientation experiment for PS-b-PI-13k-13k. The sample melt was initially perpendicular aligned (ω1/2π 
= 1 Hz, γ0 = 1, T = 150 °C) and afterwards subjected to different LAOS conditions (T = 120 °C, ω1/2π = 3 Hz and 
γ0 = 0.7) which should re-orientate the perpendicular alignment into a parallel alignment. The 3D-contour plot 
represents the time evolution of the 2D-SAXS patterns in the (OX, OY)-plane. 
 
A further re-orientation experiment had the aim, to transfer a macroscopic 
perpendicular alignment into a parallel alignment at isothermal conditions. Therefore, 
a PS-b-PI-13k-13k was preliminary perpendicular aligned with ζMin-SAXS = 12.8° (ω1/2π 
= 1 Hz, γ0 = 1, T = 160 °C, t = 1800 s). The re-orientation was carried out at T = 
160 °C, ω1/2π = 0.01 Hz and γ0 = 1. The applied shear frequency was below the 
critical frequency ωc/2π, as discussed in section 4 (ωc/2π > 0.03 Hz), indicating a 
macroscopic parallel alignment during LAOS.  
The in-situ 2D-SAXS pattern showed a oscillation in the peak intensity thorough 
out the LAOS experiment. The intensity of the first order reflection increased and 
decreased with maxima of intensity after 25 s and 75 s, respectively. These 
oscillation directly correlate to the applied mechanical excitation frequency of ω1/2π = 
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Fig. 99 Re-orientation experiment for PS-b-PI-13k-13k. The sample melt was initially perpendicular aligned (ω1/2π 
= 1 Hz, γ0 = 1, T = 160 °C, ζMin-SAXS = 12.8°) and afterwards subjected to different, but isothermal LAOS conditions 
(ω1/2π = 0.01 Hz, γ0 = 1, T = 160 °C) which should re-orientate the perpendicular alignment into a parallel 
alignment. The 3D-contour plot represents the time evolution of the 2D-SAXS patterns in the (OX, OY)-plane. 
 
 Fig. 110 represents the peak width of the azimuthally averaged first order 
reflection quantified by ζSAXS as a function of time. It can be seen that the peak width 
oscillates with the same frequency as the mechanical excitation frequency (ωmech/2π 
= 0.01 Hz). However, the amplitude varied during one period of mechanical 
oscillation. Unfortunately, at the present state of investigation no reasonable 
explanation of this phenomenon can be provided. Nevertheless, the in-situ 2D-SAXS 
data clearly show that LAOS only caused a “flipping” of the lamellae microdomains 
with no relevant detectable re-orientation. It is important to note that the phenomenon 
of grain “flipping” was also detected for other PS-b-PI diblock copolymers with higher 
molecular weights such as PS-b-PI-20k-20k, as long the strain amplitude was 
sufficient high (γ0 > 0.5) and the shear frequencies sufficient low (ω1/2π < 0.1 Hz). 
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Fig. 100 ζSAXS(t) of the re-orientation of PS-b-PI-13k-13k. The sample melt was initially perpendicular aligned 
(ω1/2π = 1 Hz, γ0 = 1, T = 160 °C, ζMin-SAXS = 12.8°) and afterwards subjected to different, but isothermal LAOS 
conditions (ω1/2π = 0.01 Hz, γ0 = 1, T = 160 °C) which should re-orientate the perpendicular alignment into a 
parallel alignment. The sketch above illustrates the deformations of the upper geometry at specific times. The red 
line shows the degree of deformation during one mechanical oscillation. 
 
The last two re-orientation experiments presented here contribute to a relatively 
rare macroscopic orientation, the transverse alignment (unit normal of the lamellae 
directed parallel to the shear direction). Throughout the LAOS experiments 
performed in this thesis, this orientation was only observed during the in-situ Rheo-
SAXS experiments at a relatively low temperature (T = 120 °C) and high shear 
frequencies (ω1/2π > 5 Hz) for PS-b-PI-13k-13k. The transverse alignment was 
indicated by reflection at τ = 0° and τ = 180°.  
To re-orientate into the macroscopic parallel alignment (see Fig. 101) the LAOS 
experiment was performed at isothermal conditions (T = 120 °C) with respect to the 
temperature at which the initial alignment was achieved. The strain amplitude was 
adjusted to γ0 = 1 and the shear frequency was set to ω1/2π = 1 Hz. Form the 3D-
contour plot in Fig. 101 it can be seen that the re-orientation occurred on a time scale 
of minutes with a strong broadening of the initial transverse peak in the (OX, OY) 
plane.  
 

















Fig. 101 Re-orientation experiment for PS-b-PI-13k-13k. The sample melt was initially transverse (ω1/2π = 10 Hz, 
γ0 = 0.5, T = 120 °C, ζMin-SAXS = 17°) aligned and afterwards subjected to different, but isothermal LAOS conditions 
(T = 120 °C, ω1/2π = 1 Hz and γ0 = 1) which should re-orientate the transverse alignment into a parallel alignment. 
The 3D-contour plot represents the time evolution of the 2D-SAXS patterns in the (OX, OY)-plane. 
 
In contrast the re-orientation of a transverse alignment for PS-b-PI-13k-13k into a 
macroscopic perpendicular orientation performed at T = 150 °C, ω1/2π = 3 Hz and γ0 
= 3 occurred in between seconds as indicated by the two strong reflections in the 2D-




(0, 180  C, ζMin-SAXS = 17 )
• Transverse to Parallel:





Fig. 102 Re-orientation experiment for PS-b-PI-13k-13k. The sample melt was initially transverse aligned and 
afterwards subjected to different LAOS conditions (T = 150 °C, ω1/2π = 3 Hz and γ0 = 3) which re-orientates the 
transverse alignment into a perpendicular alignment. 
 
These were the first re-orientation experiments performed with the new and 
unique Rheo-SAXS setup. The herein presented results have to be examined in 
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6. Rheo-Dielectric studies of the shear-induced alignment  
Polyisoprene is one of the few known polymers with a non-vanishing dipole 
moment along the polymer backbone (type A polymer)125. This enables the detection 
of large scale chain motions, the so called normal mode which is directly correlated 
to the motion of the end-to-end vector. Numerous studies on the dynamics of 
polyisoprene chains observed by the dielectric normal mode under various conditions 
have been reported in literature, see ref.88, 122, 124, 127, 174 and literature cited there. 
However, only little attention has been subjected to the simultaneous investigation of 
PS-b-PI block copolymers melts under LAOS.  
The aim of the studies described below was the in-situ investigation of the 
macroscopic alignment process of PS-b-PI diblock copolymers with a high sensitive 
Rheo-Dielectric setup33. Therefore, the normal mode of the PI block was taken as the 
significant dielectric response to online follow the alignment process. Additionally, for 
the in-situ studies of the macroscopic alignment process a brief introduction to the 
dielectric relaxation of the linear homopolymers is provided. 
 
6.1. Dielectric relaxation spectra of PS, PI and PS-b-PI 
In Fig. 103 the dielectric relaxation spectrum for a PI-20k (Mw = 19,800 g/mol, PDI 
= 1.03) is shown for a frequency range between 0.1 Hz and 1 MHz at different 
temperatures. The two different relaxation processes (normal mode and segmental 
mode) are highlighted by arrows. With increasing temperature the relaxation modes 
are shifted to higher temperatures indicating an Arrhenius activated process. It can 
be seen that the normal mode occurs on a time scale which is orders of magnitude 






Fig. 103 Dielectric relaxation spectrum for a PI-20k at different temperatures (Mw = 19800 g/mol, PDI = 1.03). 
 
In contrast to the dielectric loss ε‟‟ spectra of the polyisoprene chains, the 
polystyrene chains (shown in Fig. 104) exhibit only one relaxation process in the 
investigated frequency range which is caused by the non-vanishing dipole moment 
perpendicular to the polymer backbone (segmental mode, Stockmeyer B). Form the 
frequency behavior of the dielectric loss at T = 110 °C, which is in the vicinity of the 
glass transition (Tg(PS-100k) ≈ 110 °C), it can be seen that the segmental mode is 
strongly broadened as the measurement temperature reaches the Tg. These finding 
is consistent with results observed in literature175. Above the glass transition the 
segmental mode is shifted to higher frequencies with increasing temperature. The 
increase on the low frequency side of the ε‟‟ spectra is caused by charge transport 
effects which are related to moisture and ionic impurities. The contribution of these 
phenomena to the relaxation spectra become more pronounced with increasing 
temperature176. 
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Fig. 104 Dielectric relaxation spectrum for a PS-100k (Mw = 98,000 g/ml, PDI = 1.1) at different temperatures. 
Close to the Tg of the PS chains the segmental mode is significantly broadened. 
 
Diblock copolymers consist of two distinct polymer chains which both possess 
different dielectric properties. In the case of PS-b-PI the differences are attributed on 
the one hand to the different segmental relaxations which are related to the 
differences in the glass transition temperatures and on the other hand to the non-
vanishing dipole moment along the back bone of the polyisoprene chains. It is 
important to note that due to the tethered polyisoprene chains and constrains caused 
from the polystyrene phase below the TODT the normal mode of the PI is significantly 
broadened, with respect to the linear homopolymer chain (see Fig. 105).  
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Fig. 105 Dielectric relaxation spectrum of PS-b-PI-10k-20 (filled circles) and PI-20k (open squares) at T = 30 °C. 
The relaxation mode of the PS-b-PI is broadened due to the tethered PI chains and the constrains of the PS 
blocks below the TODT. 
 
All in-situ Rheo-Dielectric experiments presented herein were performed at 
elevated temperatures between 120 °C and 180 °C which is above the Tg of the 
polystyrene blocks. Form Fig. 106 it becomes evident that in the frequency range 
under investigation also contributions of the segmental mode of the PS blocks 
interfere with normal mode of the polyisoprene chains. At T = 150 °C the dielectric 
loss spectra of the PS-b-PI-40k-40k showed two distinct relaxation processes. The 
one at lower frequencies is attributed to the normal mode of the PI chains while the 
relaxation peak at high frequencies is assumed to be associated with the segmental 
relaxation of the polystyrene.  
This becomes even more evident by comparing the high frequency relaxation at T 
= 150 °C of the diblock copolymer with the segmental relaxation of PS-100k indicated 
by dashed lines in Fig. 106.  
With decreasing temperature the segmental mode of the PS block and the normal 
mode of the PI block superimpose as both relaxation modes obey different 
temperature dependence. The phenomenon of superposition becomes more 
pronounced for lower molecular weight polyisoprene chains (see Fig. 107) as the 
relaxation time of the normal mode ηnormal depends on the molecular weight of the PI 
block (ηnorma ~ M4)88.  
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Fig. 106 Dielectric loss of PS-100k (dashed lines) and PS-b-PI-40k-40k (symbols) at various temperatures. It can 
be seen that with decreasing temperature the segmental mode of the PS block superimpose with the normal 
mode of the PI block. 
 
 
Fig. 107 Dielectric loss of PS-100k (dashed lines) and PS-b-PI-20k-20k (filled squares) and PS-b-PI-13k-13k 
(open triangles) at T = 160 °C.  
 
6.2. In-situ Rheo-Dielectric studies of the shear-induced 
alignment  
Different symmetric PS-b-PI diblock copolymers were investigated with varying 
molecular weights between Mw = 26,500 g/mol and Mw = 80,000 g/mol. For all 
measurements a dielectric frequency sweep was performed before and after each 
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LAOS experiment. During the LAOS experiment the dielectric response was followed 
at one specific frequency which was set to correspond to the frequency range in 
which the normal mode relaxation of the PI chains occurs. To ensure the equilibrium 
state of the sample melt three to five data points of ε‟‟(t) were collected without 
subjecting the sample to any shear. This procedure guaranteed that the observed 
changes in the dielectric response were attributed to the external applied mechanical 
stimulus. Block copolymers with TODT in the experimental accessible temperature 
range were heated in the disordered state to remove any shear history caused from 
sample preparation. 
 
6.2.1. Macroscopic parallel orientation 
A PS-b-PI-40k-40k (Mw = 83,000 g/mol, fPS = 50%, PDI = 1.06) was subjected to 
large amplitude oscillatory shear at 160 °C, an excitation frequency of ω1/2π = 1 Hz 
and a strain amplitude of γ0 = 1. The 2D-SAXS patterns which were detected after 
the in-situ Rheo-Dielectric measurements revealed a macroscopic parallel orientation 
of the sample (see Fig. 108).  
 
 
Fig. 108 2D-SAXS patterns at the final state along the normal (OX, OY) plane, radial (OY, OZ) plane and the 
tangential (OX, OZ) plane at r = 5.5 mm 
 
Fig. 109 represents the static dielectric loss spectrum of PS-b-PI-40k-40k before 
and after. The dashed line is a superposition of a conductive contribution (low 
frequency relaxation) and two Havriliak-Negami relaxation processes (see section 
2.4.3) being assigned to the normal and segmental mode. The conductive 
contribution is described by the following expression88: 
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with ζ(0) being the direct current (dc) limit of 0  and n (n ≤ 1) a scaling 
exponent. 
It can be seen that after the LAOS experiment the dielectric loss of the normal 
mode relaxation is reduced compared to the loss spectra before LAOS. Interestingly, 
the segmental mode of the PS seems to be unaffected by the macroscopic 
alignment. Tab. 10 summarizes the fit parameters for the dielectric loss curves of the 
normal mode of the PI chains before and after LAOS. No significant changes in the 
dielectric strength and the shape determining parameters for the assumed HN-
relaxation process were detected. Only in the conductivity term a slight reduction of 
12% for the exponent n occurred.  
 
 
Fig. 109 Dielectric loss of PS-b-PI-40k-40k before (filled squares) and after (open squares) the LAOS experiment 
at T = 160 °C. The dashed line represent is a superposition of a conductive contribution (low frequency relaxation) 
and two Havriliak-Negami relaxation processes being assigned to the normal and segmental mode. 
 
 ζ0 [S/cm] n ∆ε η [s] α β α*β 
Before 7.7*10-15  0.87 0.021 6.5*10-4 0.51 0.40 0.20 
After 2.2*10-15 0.77 0.023 6.5*10-4 0.48 0.38 0.18 
Tab. 10 Fit parameters obtained from the HN-Fit and a conductive contribution to the normal mode relaxation of 
PS-b-PI-40k-40k before and after LAOS (ω1/2π = 1Hz, γ0 = 1, T = 160 °C). 
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The in-situ dielectric measurements were performed with a fixed frequency of 
1000 Hz while every 20 s a data point was collected. From the in-situ time dependent 
dielectric loss a clear decay in ε‟‟(t) is observed of approximately 14% from 0.003 to 
0.0026 (see Fig. 110). 
 
 
Fig. 110 In-situ detected dielectric loss at ω1/2π = 1000 Hz as a function of time during the shear induced parallel 
alignment of PS-b-PI-40k-40k (LAOS: ω1/2π = 1 Hz, γ0 = 1, T = 160 °C). 
 
As a further example, the Rheo-Dielectric behavior of a PS-b-PI-20k-20k during 
shear-induced parallel alignment is provided (T = 130 °C, ω1/2π = 3 Hz and γ0 = 1). 
Fig. 111 represents the dielectric loss spectra before and after LAOS. Similar to the 
diblock copolymer described above a reduction of ε‟‟(ω/2π) is observed which is more 
pronounced in the intermediate frequency range of the spectrum (between 300 Hz 
and 20,000 Hz) than in the high frequency limit of the spectra. It is assumed that this 
deviance in the peak shape is caused by the superposition of the normal mode of the 
polyisoprene chains and the segmental mode of the polystyrene chains as described 
above. 
It is important to note that linear polystyrene did not show any significant decrease 
in the segmental mode during LAOS. From the calculated fit parameters (see Tab. 
11) it can be seen that only the relaxation time η of the peak was slightly affected, as 
all other values have been unchanged with respect to data accuracy.  
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Fig. 111 Dielectric loss of PS-b-PI-20k-20k before (filled squares) and after (open squares) the LAOS experiment 
at T = 130 °C. The dashed line is a superposition of a conductive contribution (low frequency relaxation) and one 
Havriliak-Negami relaxation process being assigned to the normal mode of the PI chains. 
 
 ζ0 [S/cm] n ∆ε η [s] α β α*β 
Before 5.1*10-14  0.87 0.036 4.3*10-5 0.60 0.36 0.22 
After 3.5*10-14 0.84 0.037 2.6*10-5 0.54 0.37 0.20 
Tab. 11 Fit parameters obtained from the HN-Fit and a conductive contribution to the normal mode relaxation of 
PS-b-PI-20k-20k before and after LAOS (ω1/2π = 3Hz, γ0 = 1, T = 130 °C). 
 
The in-situ obtained time dependent dielectric loss data are shown in Fig. 112 
which obeyed similar time progression as the ε‟‟ values detected for PS-b-PI-40k-40k. 
In the beginning a rapid dropt appeared from approximately ε‟‟ = 0.0058 to ε‟‟ = 
0.0050 in t = 2000 s. This rapid decay is followed by region in which ε‟‟ monotonic 
decreased to approximately ε‟‟ = 0.0045. 
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Fig. 112 In-situ detected dielectric loss at ω1/2π = 10000 Hz as a function of time during the shear induced parallel 
alignment of PS-b-PI-20k-20k (LAOS: ω1/2π = 3 Hz, γ0 = 1, T = 130 °C). 
 
6.2.2. Macroscopic perpendicular orientation 
In contrast to the decrease of ε‟‟ as discovered for the macroscopic parallel 
orientation, increasing ε‟‟-values were obtained for the shear-induced macroscopic 
perpendicular alignment. As an example the Rheo-Dielectric data before and after 
LAOS for a lamellar PS-b-PI-15k-13k are represented in Fig. 113. The macroscopic 
orientation was achieved at T = 160 °C with ω1/2π = 5 Hz and γ0 = 1. Additionally, the 
fit parameters are summarized in Tab. 12.  
It can be seen that for the perpendicular orientation the calculated relaxation time 
η is retarded by more than one decade from 4.3*10-6 s to 1.8*10-5 s. Furthermore, the 
α and β parameters which determine the shape of the relaxation mode are changed 
which results in a different peak shape for the macroscopic aligned sample. 
However, there was a detectable change in the dielectric strength, in the order of 
10%.  
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Fig. 113 Dielectric loss of PS-b-PI-15k-13k before (filled squares) and after (open squares) the LAOS experiment 
at T = 160 °C. The dashed line is a superposition of a conductive contribution (low frequency relaxation) and one 
Havriliak-Negami relaxation process being assigned to the normal of the PI chains. 
 
 ζ0 [S/cm] n ∆ε η [s] α β α* β 
Before 5.3*10-13  0.93 0.037 4.3*10-6 0.41 0.66 0.27 
After 5.5*10-14 0.93 0.042 1.8*10-5 0.72 0.23 0.17 
Tab. 12 Fit parameters obtained from the HN-Fit and a conductive contribution to the normal mode relaxation of 
PS-b-PI-15k-13k before and after LAOS (ω1/2π = 5Hz, γ0 = 1, T = 160 °C). 
 
The in-situ measured time dependence of ε‟‟ is shown in Fig. 114 with an 
additional inset representing the development of the macroscopic perpendicular 
orientation determined by in-situ Rheo-SAXS under equal conditions. From the in-situ 
Rheo-SAXS data it can be seen that the dielectric loss exhibits astonishing 
similarities in the time progression to the structural development. For all three 
methods orientation times were calculated by fitting the time dependent data sets 
with a stretched exponential fit function. The obtained fit parameters are summarized 
in Tab. 13. 
 
Strain (150 °C) y0  ηo  [s] β A  
ε‟‟(t) 0.0058 150 1 9.1*10-4 
ζSAXS(t) 13° 45 0.83 20° 
I3/1(t) 0.018 30 0.35 0.078 
Tab. 13 Calculated fit parameters from ε’’(t) determined by in-situ Rheo-Dielectric, ζSAXS(t) determined by in-situ 
Rheo-SAXS and I3/1(t) determined by FT-Rheology at T = 160 °C, ω1/2π = 1 Hz and γ0 = 1. 
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For the the in-situ Rheo-Dielectric measurements an orientation time ηo = 150 s 
was obtained while the time progression of ζSAXS and I3/1 revealed orientation times of 
approximately ηo = 45 s and ηo = 30 s, respectively. It is assumed that the differences 
in the orientation times ηo detected by dielectric spectroscopy, SAXS and rheology 
are attributed to the different quantities and length scales detectable with these 
methods.  
Small angle X-ray scattering reveals changes in the locally ordered micro 
domains at a specific point of the sample. The mechanical non-linear parameter I3/1(t) 
is sensitive to the rotation of the block copolymer grains as outlined in section 4.9 
and reveals average information over the whole sample volume. The dielectric 
investigation of the polyisoprene normal mode detects fluctuation in the end-to-end 
vector of the polyisoprene chains averaged over the whole sample volume.  
It has to be noticed that for all symmetric PS-b-PI diblock copolymers which were 
analyzed by Rheo-Dielectric an increase in ε‟‟ had been detected under LAOS 




Fig. 114 In-situ detected dielectric loss at ω1/2π = 40,000 Hz as a function of time during the shear induced 
perpendicular alignment of PS-b-PI-15k-13k (LAOS: ω1/2π = 5 Hz, γ0 = 1, T = 160 °C). Dashed lines correspond to 
stretched exponential fit function. The inset represents the in-situ detected orientation distribution quantified by 
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6.2.3. In-situ Rheo-Dielectric investigation of PS-b-PI-13k-13k 
From the results discussed above it was indicated that the macroscopic parallel 
respectively perpendicular orientation process can be monitored from changes in the 
dielectric normal mode of the polyisoprene chain relaxation. For a parallel alignment 
a decrease in the dielectric loss peak of the normal mode was obtained while the 
overall perpendicular caused an increase. In the following the de-orientation, which 
was discussed in detail in section 4, was probed with the in-situ Rheo-Dielectric 
combination at T = 150 °C and γ0 = 2 and γ0 = 3 for PS-b-PI-13k-13k.  
 Fig. 115 and Fig. 116 represent the in-situ measured time dependence of the 
dielectric loss ε’’ for γ0 = 2 and γ0 = 3, respectively. Additionally, the time dependence 
of the non-linear parameter I3/1 is included. In the beginning the dielectric loss 
showed a drastic stretched exponential increase in the magnitude of approximately 
0.001 for both strain amplitudes. This behavior is similar to the non-linear mechanical 
response which showed a rapid stretched exponential decay in the beginning of the 
experiment. Nevertheless, the calculated orientation times of ηo = 300 s (γ0 = 2) and 
ηo = 230 s (γ0 = 3) for the dielectric response were significant longer than the ones 
obtained from the mechanical response (ηo = 75 s for γ0 = 2 and ηo = 50 s for γ0 = 3). 
Interestingly, short after the de-ordering occurred, indicated from an increase in I3/1, 
the dielectric loss reached a maximum value. Beyond this point ε‟‟ showed a 
monotonic decrease until it reached a plateau value of ε‟‟ = 0.0056 after t ≈ 8000 s 
and ε’’ = 0.0052 after t ≈ 6000 s for γ0 = 2 and γ0 = 3, respectively. For the highest 






Fig. 115 In-situ detected dielectric loss ε’’ (open squares) as a function of time at a dielectric measurement 
frequency of ω1/2π = 100,000 Hz and a mechanical stimulus at T = 150 °C, ω1/2π = 1 Hz and γ0 = 2. The progress 
of the macroscopic alignment was followed by I3/1 (filled squares). The onset of the de-ordering is indicated by a 
vertical dashed line at the point where I3/1 started to increase. 
 
 
Fig. 116 In-situ detected dielectric loss ε’’ (open squares) as a function of time at a dielectric measurement 
frequency of ω1/2π = 100,000 Hz and a mechanical stimulus at T = 150 °C, ω1/2π = 1 Hz and γ0 = 3. The progress 
of the macroscopic alignment was followed by I3/1 (filled squares). The onset of the de-ordering is indicated by a 
vertical dashed line at the point where I3/1 started to increase. 
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Fig. 117 represents the static dielectric loss spectra measured before and after 
the LAOS experiments for γ0 = 2 and γ0 = 2. The more likely rectangular curve shapes 
of the ε‟‟(ω/2π) are assumed to be caused by the superposition of the normal mode of 
the polyisoprene chains and the segmental mode of the polystyrene chain segments 
as already discussed above. However, it was not possible to accurately fit the 
obtained relaxation peaks with a HN-relaxation process. Nevertheless, the trend 
which was also detected from the in-situ Rheo-Dielectric studies is clearly visible. 
 
 
Fig. 117 Dielectric loss of PS-b-PI-13k-13k before (filled squares) and after (open squares) the LAOS experiment 
(T = 160 °C, ω1/2π = 1 Hz and γ0 = 3). 
 
6.3. Summary and discussion of the in-situ Rheo-Dielectric 
investigations 
Form the dielectric loss before and after the LAOS experiment the macroscopic 
orientation of the unit normal of the lamellae parallel respectively perpendicular with 
respect to the shear field can be distinguished (see Tab. 14).  
 
Macroscopic Alignment Dielectric loss ε‟‟ 
Parallel  increased 
Perpendicular decreased 
Tab. 14 Trend of the dielectric loss ε’’ for the two different shear-induced macroscopic alignments. 
However, it was shown that at elevated temperature above the glass transition of 
the polystyrene block, the dielectric normal mode may be superimposed by the 
segmental relaxation of the PS chain segments, depending on the molecular weight 
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of the PI chains. This caused further difficulties to accurately determine changes in 
the dielectric strength Δε before and after the LAOS experiment, which would give 
precise information about changes in the dipole moments. Nevertheless, a 
preliminary explanation shall be provided based on the observed increase and 
decrease of dielectric loss.  
Form literature it is known162, 163, that polymer chains which are tethered to an 
interface obey anisotropic diffusions parallel and along the normal direction of the 
constraining surface. The results published, indicated that the polymer chains have 
higher mobility parallel to the surface than in the perpendicular direction.  
Based on these findings it is assumed that the polyisoprene end-to-end vector 
preferentially aligns parallel to the polystyrene interface as schematically illustrated in 
Fig. 118. Therefore, for the perpendicular alignment the end-to-end vector (dashed 
arrow) of the polyisoprene chains would preferentially orientate in the direction of the 
external electric field. In contrast, for the macroscopic parallel orientation, the end-to-
end vector would preferentially orientate perpendicular to the applied electric field. 
This strongly simplified model provides an explanation to the observed increase for 
the perpendicular and decrease for the parallel orientation.  
 
 
Fig. 118 Schematic sketch of the macroscopic perpendicular and parallel alignment. The dotted arrow represents 
the non-vanishing dipole moment along the PI- backbone which corresponds to the end-to-end vector. The 















Furthermore, the in-situ time dependences of ε‟‟ during the shear-induced 
alignment of PS-b-PI-13k-13k at experimental conditions under which de-ordering 
occurred (see section 4.3) corresponded well with the mechanical non-linear 
response quantified by I3/1. The development of the overall perpendicular alignment 
which was indicated by the decrease of I3/1, resulted in an increase of the in-situ 
determined dielectric loss ε‟‟.  
From the assumption made above (see Fig. 118), the increase can be explained 
by the rotation of the locally ordered lamellae block copolymer grains into a 
macroscopic perpendicular alignment. In this state the end-to-end dipole moment 
would be preferentially orientated into the direction of the electric field vector and as 
a consequence ε‟‟ would be increased. In the case of the de-ordering, also expected 
to proceed by a rotational mechanism, ε‟‟ showed a monotonic decay until it 
approximately reached its initial value before the LAOS experiment was performed.  
Equally, this decay can be explained from the simplified molecular picture 
presented in Fig. 118 as now the well perpendicular aligned block copolymer grains 
are rotated out of plane into the parallel orientation in which the end-to-end dipole 
moments of the PI chains contribute less to the dielectric response. It is assumed 
that the reduction of ε‟‟(t) to approximately its initial value during the de-ordering 
corresponds to approximately equal amounts of block copolymer grains being 
parallel respectively perpendicular aligned. The point after which ε‟‟ began to decay is 
in good agreement with the onset of the de-ordering as detected by I3/1.  
As a conclusion, it can be stated that the shear-induced macroscopic alignment of 
lamellae PS-b-PI diblock copolymers can be followed changes of the dielectric loss ε‟‟ 
as a function of time. However, it is important to mention that the magnitude of these 
changes is relatively small (Δε‟‟ ≈ 0.0008) which makes it challenging to precisely 
determine the structural changes in the sample melt. However, this clearly shows the 
need of this optimized high sensitive Rheo-Dielectric setup which is still able to 





7. Rheo-Dielectric of gold-hybrid diblock copolymers nano-
composites 
7.1. Materials and experimental procedure 
In this section for the first time the influence of large amplitude oscillatory shear 
(LAOS) on different morphologies of Polystyrene-b-Poly(4-vinylpyridine) (PS-b-
P(4VP)) gold-hybrid block copolymers was investigated. These studies were 
performed in collaboration with the group of Dr. Amir Fahmi from the School of 
Mechanical, Materials and Manufacturing Engineering University of Nottingham who 
provided the block copolymers under investigation.  
With their ability to microphase separate giving rise to a large number of different 
morphologies, Block copolymer systems have gained great interest as templates and 
matrix for the fabrication of nano-structured hybrid materials153, 167. Block copolymers 
provide an organic matrix capable to control the shape, the dispersion, size 
distribution, and the alignment of nano-particles selectively incorporated in a specific 
domain. There are several approaches for selectively incorporate inorganic nano-
particles into block copolymers: direct polymerization of a monomer-metallic 
complex169 direct assembly of block copolymers with nanoscale metallic species175 
and through chemical coordination with organo metallic compounds177.  
The here presented gold hybrid PS-P(4VP) block copolymers were synthesized 
by C. Mendoza, using pristine PS-b-P(4VP) (from Polymer Source Inc.) as a 
precursor and an in situ reduction approach152, 153 to selectively incorporate the gold 
nano-particles into the P(4VP) block. A schematically representation of the applied 
synthesis strategy is provided in Fig. 119. This method allowed the selectively 










By applying large amplitude oscillatory shear (LAOS) the block copolymers 
microstructures can be macroscopically aligned resulting in highly ordered three 
dimensional patterns. For lamellar and hexagonal cylindrical morphologies the 
orientated samples become macroscopic anisotropic while for spherical 
morphologies the long range order is improved20.  
For the first time the shear-induced alignment of gold-hybrid PS-b-P(4VP) nano-
composites was investigated with a high sensitive in-situ Rheo-Dielectric 
combination. The aim of this work was to probe dielectric changes especially in the 
conductive properties of the samples caused by the macroscopic orientation. 
Three different PS-P(4VP) BCP morphologies (lamellar (lam), hexagonal 
cylindrical (cyl) and bcc spherical (sph)) were investigated. The microstructure of the 
BCP was confirmed by small angle X-Ray scattering (SAXS) and TEM 













Morphology fP(4VP) [%] PDI(Mn/Mw) 
PS-3917 116000-4000 Bcc-Spheres 3 1.13 
PS-135 34000-2900 Bcc-Spheres 8 1.07 
PS-252 93000-33000 Hex-Cylinders 26 1.13 
 









116000-4000 Bcc-Spheres 0.30 158 
PS-135-Au-Cyl 34000-2900 Hex-Cylinders 0.80 160 
PS-252-Au-Lam 93000-33000 Lamellae 1 164 
Tab. 15 sample details for the a) pristine and b) hybrid block copolymer gold nano-composites. ΦAu is the 
calculated volume fraction of gold nano-particles present in the polymer systems. 
 
The calculated volume fraction ΦGold of the gold nano particles confined in the 
P4VP diversifies between 4% for the lamellar morphology and 10% for the hexagonal 
cylindrical and the bcc spherical morphologies. The calculated distance between the 
particles tethered in the P(4VP) block (rparticle = 0.9 nm) is 3 nm for the lamellar and 2 
nm for the hexagonal cylindrical and the bcc spherical morphologies, assuming an 
ideal fcc packed lattice.  
All Rheo-Dielectric experiments were performed utilizing parallel plate geometries 
with 10 mm in diameter. At 170 °C the zero gap was assigned after 30 min of 
annealing. Afterwards the sample discs were placed between the plates and slightly 
squeezed until the whole electrode area was covered. The sample was allowed to 
temper for 30 min before experiments.  
Dielectric conductivity measurements at various temperatures between 130 °C 
and 190 °C were performed before and after LAOS. For the dielectric measurements 
a sinusoidal electric field in ac-mode in a frequency range from 10-1 to 106 Hz was 
applied to the sample. The initial temperature was 130 °C followed by increasing the 
temperature in 20 °C intervals. Before each frequency sweep at different 
temperatures the sample was annealed for 30 min.  
All in-situ Rheo-Dielectric LAOS experiments were carried out at 170 °C with a 
mechanical excitation frequency of 1 Hz and a strain amplitude of γ0 = 50%. The 
shear duration was set to 60,000 s. The in-situ dielectric measurements during LAOS 
were performed with a fixed dielectric frequency of 10 Hz to online monitor the 





7.2. Static dielectric studies 
Fig. 120 shows the real part of the complex dielectric conductivity ζ*(ω) as a 
function of frequency for a pristine and the hybrid PS-P(4VP) block copolymers at 
170 °C before the LAOS experiments were performed. It is important to note that for 
sinusoidal electric fields the complex conductivity ζ*(ω) and the dielectric function 
ε*(ω) are related by * *0( ) ( )i  (ε0 being the permittivity of free space)
88. 
Samples above the percolation threshold show a frequency-independent behavior at 
low frequencies referred to the so called dc plateau166, 168, 169. As the frequency of the 
applied signal is increased above a certain frequency ωc, the conductivity starts to 
increase from its constant dc value. The region in which ζ‟(ω) is increasing is called 
the ac regime.  
Fig. 120 shows that all hybrid materials were above the percolation threshold 
indicated by the frequency independent region of ζ‟ below 1000 Hz while the pristine 
block copolymers exhibited no dc plateau in the observed frequency range. For the 
lamellae morphology a plateau conductivity of ζ0‟ ≈ 10-8 S/cm was observed while the 
cylindrical morphology exhibited a plateau value of ζ0‟ ≈ 10-10 S/cm. For the spherical 
morphology a plateau value of ζ0‟ ≈ 10-11 S/cm was obtained. Additionally, a second 
relaxation process appeared in the frequency region between 102 and 105 Hz for the 
lamellar and cylindrical morphology. However, this relaxation process could not be 






Fig. 120 Frequency dependence of real part of the complex conductivity for spherical (filled triangle), cylindrical 
(filled circle) and lamellar (filled squares) morphologies with gold nano-particles at 170 °C. Representative for the 
pristine PS-b-P(4VP) block copolymers the data for the PS-252 (open triangle) is shown. It can be seen that only 
for the hybrid materials a dc-plateau is observed. 
 
TEM and STEM images were recorded for the lamellae (PS-252-Au) and 
spherical (PS-3917-Au) hybrid diblock copolymers to proof whether the nano-
particles are confined in the PS(4VP) block (see Fig. 121, Fig. 122 and Fig. 123). It 
can be seen that the particles are well located in one domain while the size of the 
particles differs between some nanometers and several tenth of nanometers.  
 
 
Fig. 121 STEM image of the lamellae PS-252 gold-hybrid PS-b-P(4VP). The bright spots in the image 
corresponds to gold nano-particles which were selectively incorporated in the P(4VP) block. 
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Fig. 122 TEM image of the lamellae PS-252 gold-hybrid PS-b-P(4VP). The dark spots in the image correspond to 
gold nano-particles which were selectively incorporated in the P(4VP) block. It can be seen that the size of the 




Fig. 123 TEM image of the spherical PS-3917 gold-hybrid PS-b-P(4VP). The dark spots in the image correspond 
to gold nano-particles which were selectively incorporated in the P(4VP) block. 
 
Fig. 124 represents the frequency dependence of the real part ζ‟ of the complex 
dielectric conductivity for the three gold hybrid diblock copolymer morphologies and a 
cylindrical pristine PS-b-P(4VP) diblock copolymer before and after the mechanical 




samples, LAOS showed no significant effect to the conductivity spectra before and 
after the experiment. For the spherical hybrid material (PS-3917-Au) a small 
decrease in the dc plateau is observed after LAOS which became more pronounced 
for lower temperatures (T = 130 °C and T = 150 °C).  
The frequency dependent conductivity spectra of the cylindrical and lamellar 
samples exhibited a much stronger decrease during LAOS. In both cases the plateau 
values of ζ‟(ω/2π) are significant decreased after LAOS while the magnitude of the 
decrease was higher for the lamellar morphology than for the cylindrical one.  
From the frequency dependence of ζ’ the plateau value ζ’0 was calculated by 
fitting the data obtained at different temperatures (fit not shown) with the random 
free-energy barrier model developed by J. Dyre176. This model assumes that 
conductivity takes place by hopping charge carriers which are subjected to spatially 
randomly varying energy barrier88. It is solved within the Continuous-Time-Random 
Walk (CTRW) approximation180 with the result181: 
 






.               (5.1) 
 
It is important to notice that the fit function could only be applied in a frequency 
range below the second relaxation process which occurred at higher frequencies. 
The theory only considers relaxation processes which are related to charge 
transports and does not include additional relaxation process, such as segmental 
relaxations in polymer chains. Nevertheless, this method allowed the precise 






Fig. 124 Frequency dependence of the real part of the dielectric conductivity 
* *
0( / 2 , ) ' '' ( / 2 , )T i i T  at different temperatures before (filled) and after (open) LAOS for the 
hybrid materials with a) lamellae, b) cylindrical, c) spherical morphologies. The data in plot d) represent the 
Frequency dependence of σ’ for the neat PS-252 block copolymer. 
 
By plotting the plateau value of ζ0‟ in an Arrhenius plot, activation energies ΔEA 
before and after LAOS can be extracted (see Fig. 125). For the lamellar and 
cylindrical morphologies before LAOS the activation energies of the charge transport 
were in the same range of approximately ΔEA ≈ 1.2 eV while for the spherical 
morphology the activation energy was calculated to ΔEA ≈ 1.6 V. For all hybrid 
materials the activation energy was increased after the LAOS experiment. This 
increase was less pronounced for the spherical morphology with ΔEA ≈ 1.7 eV (6%) 
while for the cylindrical morphology ΔEA increased by approximately 50% to 1.8 eV. 
For the lamellae morphology the activation energy was nearly doubled to ΔEA ≈ 
2.2 eV. 
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Fig. 125 Arrhenius representation of ζ’0 for a) lamellae, b) cylindrical and c) spherical gold-hybrid PS-b-P(4VP) 
diblock copolymers before (filled squares) and after (open squares). It can be seen that LAOS strongly affects the 
charge transport in the self assembled systems while this phenomenon is more pronounced for the lamellae 
morphology. 
 
7.3. In-situ Rheo-Dielectric investigations 
The in situ Rheo-Dielectric measurements were analyzed by the time 
dependence of the real part of the complex dielectric conductivity ζ*. The dielectric 
measurement frequency was fixed at ω1/2π = 10 Hz which corresponds to the dc 
plateau at the measurement temperature of T = 170 °C. It is important to notice that 
only for spherical and cylindrical morphologies interpretable dielectric time data could 
be obtained.  
In Fig. 126 and Fig. 127 the time dependence of ζ‟ are shown for the cylindrical 
and the spherical morphologies of the gold-hybrid PS-b-P(4VP) diblock copolymers. 
For both samples LAOS caused a stretched exponential decrease of ζ‟(t). The 
obtained curves where fitted with a stretched exponential fit function to gain 
information about the dielectric orientation time ηo. It can be seen that the real part of 
the dielectric conductivity decayed stretched exponentially, leading into a plateau 
value of ζ‟ = 1.3*10-11 S/cm and ζ‟ = 2.8*10-12 S/cm for the cylindrical and spherical 
morphology, respectively. For the cylindrical morphology the observed decrease was 
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around 75% from ζ‟ = 7.9*10-11 S/cm before to ζ‟ = 1.3*10-11 S/cm after the LAOS 
experiment while the spherical morphology was less decreased by only 48% from ζ‟ 
= 5.4*10-12 S/cm at the beginning to 2.8*10-12 S/cm. The obtained orientation times 
were ηo = 2440 s for the cylindrical and ηo = 1900 s for the spherical morphology. The 
fit parameters for the in-situ dielectric measurements are summarized in Tab. 16. 
 
 
Fig. 126 Time dependence of ζ’ during the LAOS experiment measured at a fixed dielectric frequency of 10 Hz for 
the cylindrical morphology (PS-135-Au-Cyl). The inset represents the static dielectric spectra of ζ’(ω/2π) before 
and after the LAOS experiment. The dotted lines represent a stretched exponential fit. 
 
 
Fig. 127 Time dependence of ζ’ during the LAOS experiment measured at a fixed dielectric frequency of 10 Hz for 
the cylindrical morphology (PS-3917-Au-Sph). The inset represents the static dielectric spectra of ζ’(ω/2π) before 
and after the LAOS experiment. The dotted lines represent a stretched exponential fit. 
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Sample y0 [S/cm] η [s] β A [S/cm] 
PS-135 (Hybrid-Cylindrical) 1.15*10
-11






Tab. 16 Calculated fit parameters from ζ’(t) for the cylindrical (PS-135) and the spherical (PS-3917) gold-hybrid 
PS-b-P(4VP) at a constant dielectric measurement frequency of 10 Hz during LAOS (ω1/2π = 1 Hz, γ0 = 0.5 and T 
= 170 °C). 
 
The in-situ measured time dependence of the non-linear parameter I3/1 is 
represented in Fig. 128 for the cylindrical (PS-135-Au-Cyl) and in Fig. 129 for the 
spherical (PS-3917-Au-Sph) morphologies. In both cases I3/1(t) showed a strong 
stretched exponential increase which began at approximately 1% and reached a 
plateau value of approximately 30% for the spherical and of 25% for the cylindrical 
morphology. It is important to notice that these were the highest nonlinearities 
detected for polymer melts. From the basic mathematics of the non-linear parameter 
introduced in section 3.2.1c), I3/1 should be limited at a maximum value of 33%. It is 
assumed that this extreme high mechanical non-linear response is caused by the 
inorganic nano-particles which interfere with polymer dynamics during the LAOS 
experiments. The obtained orientation times were ηo = 3350 s for the spherical and ηo 
= 5500 s for the cylindrical morphology. 
However, at the present state of investigation no precise conclusion of the 







Fig. 128 In-situ measured time dependence of I3/1 for the shear-induced alignment of the spherical gold-hybrid 
PS-135 block copolymer. The dotted lines represent a stretched exponential fit. 
 
 
Fig. 129 In-situ measured time dependence of I3/1 for the shear-induced alignment of the spherical gold-hybrid 
PS-3917 block copolymer. The dotted lines represent a stretched exponential fit. 
 
Sample y0 [-] η [s] β A [-] 
PS-135 (Hybrid-Cylindrical) 8*10
-4




 3350 1 0.32
 
Tab. 17 Calculated fit parameters from I3/1(t) for the cylindrical (PS-135) and the spherical (PS-3917) gold-hybrid 














(t) While LAOS [170 °C]





























(t) While LAOS [170 °C]




7.4. Summary and discussion of the Rheo-Dielectric 
investigations of gold-hybrid PS-b-P(4VP)  
For all investigated morphologies the gold-hybrid PS-b-P(4VP) diblock 
copolymers, with gold nano-particles selectively incorporated in the P(4VP) block, 
showed a significant frequency independent plateau in the low frequency regime of 
ζ‟. It is assumed that this so called dc-plateau appears due to charge transports 
along the gold nano-particles from one side of the electrode to the other. However, 
the measured conductivities of ζ‟ < 10-7 S/cm are too small for a conductive material. 
Therefore, it is assumed that the charge transport occurs via a hopping mechanism 
between the spatial separated gold nano-particles mediated by ionic charge carriers.  
Furthermore, it could be shown that LAOS affected the dielectric response of the 
sample melts which was reflected in a change of the activation energies calculated 
from the dc-plateau value of ζ‟(ω1/2π). The increase in the activation energies was 
stronger for the morphologies which can be macroscopically anisotropic aligned, 
such as the cylindrical and the lamellae morphologies. For these morphologies an 
increase of approximately 50% to more than 100% was detected.  
In contrast, the spherical morphology was less affected by LAOS (less than 10%). 
It is assumed that the decrease of the dc-plateau is affected by the macroscopic 
alignment of the diblock copolymer microstructures. Recent investigations of 
Mendoza et al.152, performed under similar LAOS conditions (70%, 1 Hz, 170 °C) with 
the same lamellar gold-hybrid PS-P(4VP) block copolymer (PS-252-Au-Lam), 
revealed a perfect macroscopic parallel orientation. Based on these results it is 
assumed that the herein applied LAOS conditions (50%, 1 Hz, 170 °C) caused a 
macroscopic parallel orientation for the lamella sample as well. This would explain 
the drastic increase of activation energies for the charge transport after LAOS.  
In this case the orientation of the unit normal of the lamellae preferentially 
parallel to the external electric field would disturb the percolation path which leads to 
inferior conductivity. This would also explain the decrease in the conductivity for the 
cylindrical morphology under the assumption that the P(4VP) blocks which form the 
cylinders are orientated along the shear direction. 
The in-situ Rheo-Dielectric measurements showed for the first time that it is 
possible to online monitor dielectric changes of hybrid polymer materials under 




response is drastically affected by the incorporated nano-particles resulting in a high 
degree of nonlinearity which gives rise to further detailed investigation. These first 
results presented herein, revealed an insight to the time evolution of the conductivity 





8. Concluding Remarks  
The combination of a rheometer for precise mechanical measurements and a 
powerful X-Ray source, provided by the German Synchrotron in Hamburg (DESY), 
enabled the in-situ analysis of the overall mechanical alignment of hierarchical 
ordered systems on a nanometer length scale. With the unique Rheo-SAXS-
combination, located at the beam line BW1 at HasyLab, it was possible to online 
monitor, with a time resolution of 10 s, the structural evolution during shear-induced 
alignment of a symmetric diblock copolymer. Different large amplitude oscillatory 
shear (LAOS) experiments were applied to study the kinetic pathway of the 
orientation process of diblock copolymers. 
For the first time, it was shown that, for high strain amplitudes (γ0 = 2 and 3) at T = 
150 °C, an optimal degree of macroscopic orientation was achieved at short 
mechanical excitation times (less than 1 hour). For the first time, it could be shown 
that as the LAOS experiment continued after reaching a primary minimum of ζSAXS, a 
less ordered overall orientation developed. This was indicated by a broadening of the 
azimuthally averaged scattered peak in the (OX, OY) plane detected by in-situ Rheo-
SAXS measurements and was also confirmed by ex-situ SAXS studies, which 
revealed a heterogeneous biaxial distribution with both parallel and perpendicular 
fractions.  
By comparing the structural changes with the mechanical responses, it was found 
that the de-orientation process was also visible in the time evolution of the 
mechanical properties G‟‟ and I3/1. The time progression of the mechanical response 
for G‟‟ measured by the in-situ Rheo-SAXS setup and I3/1, both showed a similar 
stretched exponential decay in the beginning of the mechanical excitation as well as 
an increase in G‟‟ and I3/1 from their plateau values at higher strain amplitudes. This 
increase in the mechanical properties indicated that de-ordering of the unit normal of 
the lamellae in the block copolymer melt occurred. Therefore, it was assumed that a 
higher degree of disorder in the sample caused a higher non-linear response as 
measured by FT-Rheology. From these findings, an orientation mechanism was 
proposed that is mainly dominated by the rotation of the locally ordered lamellae 
block copolymer grains.  
Based on these results a simple model was developed which is consistent with 




during the shear-induced alignment process by a rotational mechanism of the locally 
anisotropic aligned lamellae diblock copolymer. This causes a deformation of the 
grain interfaces during rotational alignment due to the interfacial tension between the 
locally anisotropic ordered microdomain grains.  
Furthermore, different processing parameters for the herein presented model 
compounds were obtained for various different conditions (see Tab. 9). For example, 
the kinetics of the orientation process as measured by 2D-SAXS revealed that the 
overall orientation of the lamellae is a function of the applied mechanical strain 
amplitude γ0 where the orientation time ηo had a power law dependence ranging 
between η ~ γ0
-1.6 and γ0
-2. By comparing the in-situ time data calculated from the 2D-
SAXS patterns with the measured mechanical response quantified by the non-linear 
parameter I3/1, the same power law dependence for the orientation time was 
confirmed. Additionally, it was proven that the observed de-ordering phenomenon 
also occurred for higher molecular weight PS-b-PI diblock copolymers. 
These first results obtained by our unique Rheo-SAXS setup demonstrate the 
connectivity between structural dynamics in PS-b-PI diblock copolymer melts and the 
mechanical non-linear response of the sample under large amplitude oscillatory 
shear.  
From high sensitive in-situ Rheo-Dielectric measurements of the shear-induced 
alignment of PS-b-PI diblock copolymers it was found that dielectric measurements of 
the polyisoprene chain dynamics are capable to distinguish between the parallel and 
perpendicular alignments, respectively. For the overall parallel orientation with unit 
normal of the lamellae directed parallel to the external electric field, a decrease in the 
dielectric loss ε‟‟ was detected. In contrast, the dielectric loss was increased for the 
macroscopic perpendicular alignment with the unit normal of the lamellae directed 
perpendicular to the external electric field. It was assumed that these phenomena 
were attributed to anisotropic diffusion of the tethered polymer chains parallel and 
perpendicular to the interface between the polyisoprene and the polystyrene block163. 
Additionally, the re-orientation process of the PS-b-PI-13k-13k diblock copolymer 
was also observed by in-situ dielectric measurements. It was proven that the 
dielectric and non-linear mechanical response quantified by I3/1 showed astonishing 
similarities in their time progression. 
For the first time the shear-induced alignment of gold-hybrid PS-P(4VP) nano-




shown that LAOS causes a drastically decrease of the initial conductivity. The 
magnitude of this effect depended on the respective morphology of the diblock 
copolymer. Morphologies which are capable to become macroscopically anisotropic 
during shear-induced alignment showed a more pronounced decrease of the 




9. Experimental Part 
9.1. High vacuum polymerization techniques 
All polymers used in this thesis were synthesized using a special high vacuum 
line. In general, anionic polymerization techniques are very sensitive to impurities 
which are capable of deactivating the initiator and the propagating chain ends73 (e.g. 
water, oxygen, …). All manipulations were performed in glass reactors which were 
connected to the vacuum line and evacuated as well as thoroughly heat dried at 
500 °C under continuous pumping. Afterwards, the glass ware was allowed to cool 
down to room temperature before purging with dry argon (5.0) which additionally was 
dried over activated NaA-zeolites molecular sieves (3 Å). This procedure was 
repeated at least three times to remove volatile contaminants present in the inner 
surface of the glass. The syntheses were performed under inert atmosphere using 
argon. The addition of purified monomers and reactants was done via glass 
ampoules which were directly connected to the polymerization reactor. The initiator 
was added under argon counterflow via a flame dried syringe. The purified toluene 
respectively tetrahydrofuran, which were used as reaction solvents, were added by 
vacuum distillation into the polymerization reactor, which was cooled with liquid 
nitrogen.  
 
9.2. Purification of solvents and monomers 
9.2.1. Purification of Toluene 
Toluene was refluxed under argon atmosphere in a round bottom flask containing 
grounded CaH2. It was stirred for 24 hours for the reaction of CaH2 with moisture. For 
further usage it was transferred into a solvent container connected to the vacuum line 
under inert atmosphere for further usage. The solvent container contained living 
Polystyrene of low molecular weight (around 1 kg/mol). The bright orange color of 








9.2.2. Purification of Tetrahydrofuran (THF) 
THF was pre-dried over CaH2 for 24 hours under inert gas before distillation. It 
was additionaly refluxed over sodium (Na) under an argon atmosphere in the 
presence of benzophenone as indicator until a bright deep purple color was attained, 
The THF was then distilled into the solvent container which additionally contained a 
small amount of Na and benzophenone to indicate the purity of the solvent. The 
solvent container was connected to the vacuum line for further usage.  
 
9.2.3. Purification of Styrene (bp: 145 °C at T = 22 °C) 
The purification of Styrene (Aldrich) was carried out in two steps. In the first step 
the monomer was dried overnight, on the vacuum line, over CaH2 in a short path 
distillation apparatus and subsequently distillated into a head dried round-bottom 
flask for further purification over dibutylmagnesium (1 M in n-heptane). For 10 ml 
monomer 1 ml DBMg solution was used. The solution was stirred under argon 
atmosphere for 24 hours. Afterwards, the n-heptane was removed under low 
pressure and the purified monomer was distilled under reduced pressure into a dried 
and precalibrated glass ampoules. The purified monomer was stored under argon 
atmosphere at -20 °C further usage. 
 
9.2.4. Purification of Isoprene (bp: 34 °C at T = 22 °C) 
Isoprene was first dried over CaH2 overnight to remove initial amounts of 
moisture. The pre-dried monomer is distilled at the vacuum line into a round-bottom 
flask containing n-BuLi, (1.3 M in cyclohexane,V(monomer)/V(n-BuLi solution) = 
10/1) while the cyclohexane was removed under low pressure before the distillation 
was performed. The n-BuLi was allowed to react with present contaminants for 30 
min. at room temperature. After a light yellow color was obtained, the monomer was 
distilled into dried and precalibrated glass ampoules. The monomer was stored under 
argon atmosphere at -20 °C.  
 
9.2.5. Degassing 
Before the solvents and monomers were used for anionic polymerization 




be removed be degassing. The flask containing the purified liquid is connected to the 
vacuum line through a stopcock. The stopcock was opened until bubbles appeared. 
The liquid is then frozen with the stopcock closed using liquid nitrogen. Afterwards, 
full vacuum is applied to the frozen bulk. After high vacuum is attained, the stopcock 
is closed and the liquid is thawed. This so called freeze-thaw cycle was repeated for 
three times until no bubbles occurred in the liquid during the thaw step. 
 
9.3. Synthesis of the homopolymers and diblock copolymers 
The basic reactor used for the synthesis of the polymers is shown in Fig. 130. 
Despite the initiator, the ampoules which were directly connected to the reactor 
contained all necessary reagents and solvents. The reactor is attached to the 
vacuum line. The solvents used for the polymerization were directly distilled from the 
solvent container into the reactor and afterwards degassed as described above. The 
monomers were degassed at the vacuum line before the ampoules were equipped to 
the polymerization reactor. All polymerizations were initiated with sec-butyllithium (s-
BuLi) (Aldrich, 1.4 M in cyclohexane) which was used without further purification. 
 
 
Fig. 130 Pictures of one high vacuum line equipped with a polymerization reactor which was used for the 











9.3.1. Synthesis of Polystyrene 
The polymerization of styrene was carried out in THF (V(THF)/V(monomer) = 
15/1) which was cooled to -78 °C using an acetone/dry-ice cooling bath. The initiator 
was added under argon counter flow with a syringe. The monomer was slowly added 
to the initiator solvent mixture which became bright red as the polymerization started. 
After the total addition of monomer, the reaction was stirred for 20 min to ensure full 
conversion. The living polymer solution was terminated by adding a small amount of 
degassed MeOH to the solution. The terminated polymer solution was precipitated in 
MeOH (V(MeOH)/V(polymer solution) = 10/1) and the resulting crude product was 
freeze dried from a 10 wt.% cyclohexane solution for 10 hours under high vacuum. 
The powdered product was stored at room temperature. 
 
9.3.2. Synthesis of Polyisoprene 
To achieve a high degree of 1,4-Polyisoprene the polymerization was carried out 
in toluene at room temperature. The monomer was added to the toluene and stirred 
for 5 minutes before the initiator was added to the solution. After the addition of the 
initiator the reaction solution maintained colorless. The reaction was stirred for 24 
hours to ensure full conversion before the polymerization was terminated by adding a 
small amount of MeOH. The synthesized polymer was stabilized with 2,6-di-tert-butyl-
4-methylphenol to avoid crosslinking due to the unsaturated PI block. The terminated 
diblock copolymer was precipitated  in methanol (V(MeOH)/V(polymer solution) = 
10/1). The crude polymer was dried under high vacuum at 70 °C for 10 hours. The 
final product was stored at -20 °C. 
 
9.3.3. Synthesis of Polystyrene-block-Polyisoprene diblock copolymers 
The polystyrene-block-polyisoprene diblock copolymer was synthesized via 
sequential anionic polymerization of styrene followed by isoprene under high vacuum 
at room temperature using toluene as the solvent and sec-butyllithium as the initiator. 
The polymerization of styrene was carried out for 10 hours. Before the addition of 
isoprene aliquots of the PS precursor were taken for molecular characterization 
under argon counter flow via a syringe. After the addition of isoprene the dark red 




living polystyrene chain ends. The reaction was stirred for another 10 hours before 
terminating the living anions by addition of MeOH. The synthesized polymer was 
stabilized with 2,6-di-tert-butyl-4-methylphenol to avoid crosslinking due to the 
unsaturated PI block. The terminated diblock copolymer was precipitated  in 
methanol (V(MeOH)/V(polymer solution) = 10/1). The resulting crude product was 
freeze dried from a 10 wt.% cyclohexane solution for 10 hours under high vacuum. 
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Technical drawing of the Rheo-Dielectric geometries 
 
I. Ceramic isolation for the dielectric electrodes 
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III. Upper fixture 
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